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ABSTRACT 
Designing resilient high temperature alloys has been a long-standing engineering 
challenge. The driver for high temperature material research ranges from the need of developing 
robust thermal protection systems for hypersonic vehicles to increased operating temperatures (and 
hence Carnot efficiencies) of gas turbines. Ni based superalloys have been widely used in a variety 
of high temperature applications, but these alloys are limited by the melting temperature of Ni3Al 
and a variety of topologically close-packed phases that melt in the 1200 - 1300°C range. 
Transitioning to higher temperatures call for materials with high thermal stability. Hence, ceramics 
such as silicides, borides, nitrides and carbides have emerged as viable candidates for ultra-high 
temperature applications. Among these materials, Mo-Si-B alloys and ZrB2-SiC composites have 
received a lot of attention due to the formation of a protective scale at elevated temperatures. 
In ZrB2-SiC system, improving the oxidation resistance at elevated temperatures has long 
been a challenge. At temperature ranges where silica rich scale provides the oxidation resistance, 
the scale viscosity greatly affects the oxidation behavior. This research focuses in tuning the 
viscosity of the silica scale to tailor the oxidation behavior. The isothermal oxidation tests done at 
1600°C demonstrated the overall thickness of the oxide scale has a strong function of the AlN 
content. Lower levels of AlN had thinner oxide scale and thus higher oxidation resistance, while 
high AlN substitution resulted in severe oxidation. Oxidation of AlN results in the formation of 
stable oxide Al2O3. The presence of Al2O3 significantly reduces the viscosity of SiO2. The 
observation of coarsening of surface ZrO2 crystallites by Ostwald ripening as a function of 
increasing AlN content further corroborates a reduction in scale viscosity. Lower viscosity silica 
rich scale has better flow characteristic and hence better surface coverage. However, the lower 
xiv 
 
 
viscosity scale also provides faster diffusion for oxygen, which promoted rapid oxidation for high 
AlN content materials. We also found a marked change in oxidation mechanism as a function of 
temperature, which was reflected in the structure of the oxide scale as well. At 2000°C in low PO2, 
the sample cross-sections were characterized by ZrO2 rich external layer with marginal presence 
of SiO2 on the surface. The ZrO2 rich external layer served as thermal barrier for underlying 
materials but suffered from severe spallation during thermal cycling. An interfacial SiO2 rich layer 
under the oxide scale was observed in high Si and Al samples. The tenacity of the external ZrO2 
scale is thought to depend on this interlayer. The presence of a low viscosity interlayer was found 
to be beneficial since the lower viscosity can accommodate the volumetric changes arising from 
thermal strains. 
In Mo-Si-B system, the central challenge is posed by the phase diagram. The Si rich 
compositions show excellent oxidative stability, but suffer from poor fracture toughness. The 
metal rich compositions result in improved toughness, but poor oxidation resistance. In order to 
resolve this conundrum, the phase fields need to be modified to form a phase assemblage 
comprising of metal rich solid solution (for improved toughness), the T1 phase (for improved creep 
and oxidation resistance) and the T2 phase (for oxidation resistance). This requires the 
destabilization of the A15 phase that forms at compositions between the metal rich solid solution 
and the T1 phase. We demonstrate that the substitution of Mo by W results in the destabilization 
of the A15 phase. Furthermore, transient oxidation studies show that the addition of W does not 
have a deleterious effect on the oxidation resistance at elevated temperatures (1400°C), although 
the oxidation resistance is adversely affected at the lower temperature regime (≤ 1300°C). Unlike 
MoO3, which starts volatilizing around 700°C as (MoO3)3, (WO3)3 volatilizes at higher 
temperatures (~ 1350 °C). If WO3 persists on the surface, it prevents complete surface coverage 
xv 
 
 
by the silica scale. The transient oxidation studies also indicated a strong dependence of the 
oxidation behavior on the alloy microstructure. Finer grained materials, synthesized by drop-
casting result in improved scale coverage in comparison to coarser grained materials synthesized 
by sintering. Finer length scales require the silica to flow over shorter distances, ensuring relatively 
rapid scale coverage. 
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CHAPTER 1. INTRODUCTION 
1.1 Ultra-high temperature ceramics (UHTC) 
A number of technological drivers have been responsible for the development of novel 
high temperature materials. These materials found applications in energy generation, aerospace, 
insulation, heating elements, and other technologies. Recently, the national hypersonic program 
has sparked a lot of interest in UHTCs [1]. ”Hypersonic” is defined as a speed of Mach 5 and 
above, where Mach 1 is the speed of sound. Hypersonic aircrafts are required to fly at speeds of 
Mach 7-10 whereas requirements for hypersonic missiles could be as high as Mach 20. Such high 
velocities present a number of materials challenges. The aerodynamic heating during the re-entry 
stages results in temperatures as high as 2000°C at the leading edges of the vehicles. Re-entering 
the earth’s atmosphere at hypersonic velocities also result in the generation of shock waves in front 
of the vehicle. This causes the air to get compressed, heated, dissociated and ionized resulting in 
the formation of plasma [2]. The oxygen partial pressures in the stratosphere can also drop 
significantly, which can cause disintegration of the material that protects the material surfaces. A 
material that can withstand the extreme temperatures and environment while still maintaining its 
structural integrity is critical to the success of a hypersonic vehicle.  
1.2 Material selection 
The most dominant properties of these UHTC materials are their high melting 
temperatures. Several other required properties include: low density; high oxidation resistance; 
acceptable mechanical properties; adequate thermal conductivity; satisfactory thermal shock 
resistance.  
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Based on these criteria, ZrB2-SiC and Mo-Si-B material systems were chosen and studied. 
ZrB2-SiC was selected because of its high melting point (2270°C (eutectic) to 3050°C depending 
on composition[3]), low density (c.a. 3.21g cm-3 (SiC) to 6.08g cm-3 (ZrB2) depending on 
compositions), high thermal conductivity (ca. 60 W (m K)-1  [4]) and high oxidation resistance [1]. 
The oxidation behavior of ZrB2 has been widely studied in recent years [5]. The oxidation 
resistance of ZrB2 mainly comes from the formation of a protective B2O3 scale. SiC was added to 
ZrB2 to improve its oxidation resistance at temperatures higher than 1100°C due to the formation 
of a dense silica scale [6]. Mo-Si-B stands out because of its high facture toughness offered by Mo 
metal-rich solution (>20 MPa√m in Mo-Mo3Si-Mo5SiB2 region) [7] and high oxidation and creep 
resistance created by boron modified molybdenum silicide intermetallic phases [8]. Oxidation 
resistance of Mo-Si-B showed analogy to ZrB2-SiC system, as SiO2 is also the main protective 
layer.  
1.3 ZrB2 base ceramics and its densification 
ZrB2 is extremely difficult to fully densify due to the covalent nature of its bonding and 
extremely low grain boundary diffusion rates. It usually requires very high sintering temperature. 
Historically, sintering of ZrB2 was usually done by hot pressing. Typically, if applied a pressure 
of 20-30 MPa, sintering of ZrB2 required a temperature of around 2000°C [9]. If extremely high 
pressure was applied (>800 MPa), a lower temperature could be used (1800°C) [10]. Besides hot 
pressing conditions, starting powder particle size, mixing method, sintering additives also played 
an important role in densification of ZrB2 [11]. For example, under the same processing conditions, 
sintering of finer ZrB2 starting powder resulted in a higher degree of densification [11].  
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Recently, pressureless sintering of ZrB2 and its composites especially ZrB2-SiC has 
attracted most attention in UHTCs [12-26]. To obtain sufficiently high densification, sintering aids 
need to be added in the pressureless sintering of ZrB2. Since oxygen impurities among the particle 
surface significantly decreased the densification rate of ZrB2 ceramics, and led to grain coarsening, 
several sintering aids were proposed with the aim of removing these oxides [27]. WC, carbon 
and/or B4C additions were extensively studied as sintering aid for ZrB2 ceramic and ZrB2-SiC 
ceramic composites [13, 16, 17, 19, 21, 23, 24]. These additions removed the oxygen impurities 
by either reacting with ZrO2 and/or B2O3. ZrB2 and ZrB2-SiC composites were fully densified 
around 2000°C by pressureless sintering. Studies also showed that particle size of the starting 
powders had a significant effect on the densification of ZrB2 and ZrB2-SiC composites. The use 
of 0.5 μm starting particle powders resulted in an approximate 10% densification increase than 2 
μm powders [19].  
Of particular interest is the sintering of ZrB2 base ceramic by adding AlN as the sintering 
aid. Two studies have reported the use of AlN as the sintering aid for ZrB2. Monteverde et al. [28] 
added 4.6 vol% AlN to ZrB2, and obtained a relative density of 92% using a hot pressing conditions 
of 1870°C, 30 MPa [28]. In the other study, 5 vol% and 10 vol% AlN was added to sinter ZrB2-
SiC ceramics. The ceramic composites were nearly fully densified (>98%) at 1850°C and 30 MPa 
[29]. In the first case, the improved sinterability was ascribed to the reaction between AlN and the 
oxygen content of the ZrB2 particles at relatively low temperature. It was claimed that the oxygen 
contamination reduced the boron activity, resulting in a slow densification rate at the same time 
promoting grain coarsening. With AlN addition, AlN reduced the oxygen contamination before 
significant sintering ensues. Addition of 5 and 10 vol% AlN was reported to remove the oxide 
layer on the particle surface. AlN also formed a solid solution with SiC in the transgranular regions 
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of the composites [29]. Large amounts of AlN addition, (e.g. ZrB2(30vol%)-SiC(15vol%)-
AlN(55vol%)), resulted in full densification (99.5%) at a hot pressing condition of 1870°C, 30 
MPa [30]. The authors concluded that the enhanced sintering behavior was due to the formation 
of eutectic of Al2O3 and SiO2 at 1595°C, which favored the sintering of AlN-SiC matrix through 
(partial) dissolution and reprecipitation. The Al2O3 was generated by the reaction between AlN 
and B2O3 which is highly favored by a negative Gibbs free energy (-270kJ mol
-1 at room 
temperature) [28].  
1.4 Oxidation in ZrB2 base ceramics 
Oxidation of ZrB2 is favored at all temperatures according to the thermodynamic data from 
NIST-JANAF tables [31]. The change in Gibbs free energy of the reaction was given by 
Fahrenholtz et al. [1] as ΔG° = −1977 + 0.361T (kJ). They also suggested ZrB2 oxidation is 
favorable at all temperatures.  
ZrB2 oxidizes according to reaction (1.1).  Oxidation product ZrO2 is stable and remains 
on the scale, but B2O3 is subject to evaporation especially at high temperatures according to 
reaction (1.2). Based on these two reactions, oxidation of 1 mol of ZrB2 results in 80g of mass gain 
if B2O3 stays as a liquid; if all B2O3 is lost by evaporation, a smaller mass gain (10.4g) would 
result. Tripp and Graham [32] measured the mass change of ZrB2 during oxidation from 800°C to 
1500°C. A continuous mass gain was observed. 
𝑍𝑟𝐵2(𝑠) +
5
2
𝑂2(𝑔) → 𝑍𝑟𝑂2(𝑠) + 𝐵2𝑂3(𝑙) (1.1) 
𝐵2𝑂3(𝑙) → 𝐵2𝑂3(𝑔) (1.2) 
The cross-section of oxidized ZrB2 shows two distinct layers, with the outer layer being 
glassy B2O3 and the inner layer being ZrO2 [33]. Oxidation behavior of ZrB2 can be divided into 
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three stages [32, 34]. At lower temperatures (< 1100°C), the oxidation product ZrO2 forms a porous 
skeleton, it does not form a compact surface layer to reduce oxygen permeability [35]. Liquid B2O3 
forms a continuous layer and acts as an oxygen barrier. The oxidation kinetics in this region 
follows a parabolic relationship [36] as oxygen diffusion through the B2O3 glassy scale is the rate 
limiting step for oxidation [32]. In the range of 1100° to 1400°C, a para-linear oxidation kinetics 
was observed and it is regarded as the second stage of oxidation. The linear portion of the oxidation 
kinetics comes from the evaporation of the B2O3. The evaporation of B2O3 resulted in a decrease 
in the thickness of oxygen barrier layer and consequently faster oxidation rate. When the 
temperature exceeds 1400°C, the evaporation of B2O3 is significant and can no longer be 
protective. This can be regarded as the third stage which a rapid linear kinetics was observed.  
To improve the oxidation behavior of ZrB2 at elevated temperatures, SiC was added [6, 34, 
37-40]. At lower temperatures (<1100°C) the oxidation rate of SiC is far less than the oxidation 
rate of ZrB2. Hence SiC stays almost un-oxidized [6]. When the temperature exceeds 1100°C, SiC 
oxidizes according to reaction (1.3). 
𝑆𝑖𝐶(𝑠) + 2𝑂2(𝑔) → 𝑆𝑖𝑂2(𝑙) + 𝐶𝑂(𝑔) (1.3) 
A protective SiO2 glassy scale is generated in addition to B2O3. The oxidized scale of ZrB2-
SiC consists of three distinct layers as shown in figure 1.1: (1) SiO2 rich glassy outer layer (2) 
interlayer of ZrO2+SiO2 and (3) SiC depleted ZrO2 and/or ZrB2 layer [34, 41].  
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Figure 1.1. Left: Scanning electron microscope (SEM) micrograph of ZrB2-20vol%SiC after 
oxidation at 1627°C for 10 minute cycle. [41]. Right: Schematic shows the composites of the 
layers and the formation of the SiC depleted region [34] 
The newly formed SiO2 rich glassy layer serves as an oxygen barrier similar to that of 
glassy B2O3 at lower temperatures. SiO2 remains on the surface due to its much lower vapor 
pressure than B2O3 (~9 orders of magnitude lower than that of B2O3 at 1100°C based on vapor 
pressure data from NIST-JANAF tables [31]). This SiO2 rich external scale is capable of provide 
oxidation resistance to at least 1600°C [42, 43]. The presence of boria in this scale can lead to 
significant viscosity reduction. A rough estimation of the viscosity of the borosilicate scale at 
1550°C was given by Karlsdottir and Halloran [44] based on existing data as log10η = 11 – 9 XB2O3, 
where η is the viscosity of the borosilicate glass and XB2O3 is the mole fraction of B2O3. However, 
the amount of B2O3 is difficult to quantify in the SiO2 rich scale. Typical elemental analysis 
techniques like X-ray Energy Dispersive Spectroscopy (EDS) have low sensitivity to light 
elements. The overlapping between B K lines and Zr M lines also complicates the peak 
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deconvolution. Different levels of boron amount were reported at different temperatures. Shugart 
et al. [45] reported on the amount of B2O3 retained in the scale of ZrB2-30vol%SiC at 1500°C for 
100 minutes. Boria content in excess of 10 at% was reported at more than 200 nm from the surface 
[45]. Nevertheless, at the same temperature (1500°C), less than 1 wt% of boron was reported using 
secondary ion mass spectrometry (SIMS) by Rezaie et al. [46]. At 1600°C, the amount of boron 
in the scale would be even less due to the higher vapor pressure at this temperature compared to 
1500°C (~200Pa at 1500°C and ~1000Pa at 1600°C [47]). No boron was detected by EDS in ZrB2-
20vol%SiC ceramics when oxidized at 1627°C [41] and ZrB2-15vol%SiC oxidized at 1700°C by 
electron microprobe analyzer (EPMA)[48]. In general, the B2O3 should be depleted in the surface 
of the scale while present in small amount deeper into the scale.  
Mass transport of ZrO2 to the surface was observed and reported by Karlsdottir and 
Halloran (shown schematically in figure 1.2) [44, 49, 50]. After 1550°C, 2-h oxidation of ZrB2-
15vol%SiC samples, they discovered “island-in-lagoon” patterns on the surface. The loss of boria 
in the scale caused large viscosity difference between the freshly formed liquid and the viscous 
surface. “Viscous finger” was thus formed beneath the scale. Due to large volume increase upon 
oxidation (380%) [44], this fresh borosilicate liquid was squeezed up away from the interface to 
the surface through convention cells. After upwelling on the surface, the borosilicate liquid flowed 
radially from the center ZrO2 column and leaves SiO2 rich lagoons on the surface. ZrO2 was 
transport to the surface through convection cells by solution-precipitation mechanism in the so 
called zirconia-saturated borosilicate liquid (BSZ liquid). Convection cells were suggested by 
Karlsdottir and Halloran [51] to be detrimental for oxidation resistance as BSZ liquid in it provides 
transport path of oxygen into the subscale region.  
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Figure 1.2. Schematic showing the mechanism for ZrO2 transport [44]. 
Besides the external silica rich scale, the SiC depleted layer also attracted great deal of 
attention. The SiC depletion forms due to the active oxidation of SiC according to reaction (1.4). 
This reaction is favored at lower oxygen partial pressures as compared to passive oxidation of SiC 
in higher oxygen partial pressures. SiC depleted region occurs at the third layer of the sample due 
the significant oxygen partial pressure drop in this region compared to ambient atmosphere. It was 
observed that the oxygen activity in this layer was low enough to avoid oxidation of ZrB2 [34]. 
Thermodynamic analysis of the formation of SiC depleted region at 1500°C was reported by 
Fahrenholtz [34]. According to Fahrenholtz [34], the oxygen partial pressure in the interface 
between SiC depleted region and the base alloy is set by the ZrB2-ZrO2 equilibrium to be 1.8 × 10
-
11 Pa at 1500°C. This oxygen partial pressure is much lower than the oxygen partial pressure (≥102 
Pa based on volatility diagram for SiC at 1500°C [52]) needed for passive oxidation of SiC. 
Therefore, active oxidation of SiC is taking place. Active oxidation under low oxygen partial 
pressure forms SiO vapor which evaporates from the surface resulting in  SiC depleted layer.  
𝑆𝑖𝐶(𝑠) + 𝑂2(𝑔) → 𝑆𝑖𝑂(𝑔) + 𝐶𝑂(𝑔) (1.4) 
The SiC depletion is undesirable for UHTCs. It results in a porous interlayer between the 
scale and the base alloy, which could potentially lead to mechanical failure of the material. The 
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porous layer could also provide rapid transport path for oxygen. The high vapor pressure is also 
problematic. In fact, SiO has the highest vapor pressure in all the vapor species present in oxides 
of boron, silicon and zirconium based on our vapor pressure calculations based on data from NIST-
JANAF table. According to Fahrenholtz [34], the vapor pressure of SiO approaches 1 atm at 
around 1800°C. The high vapor pressure could result in rupture of the scale [34].  
At extreme temperatures (≥2000°C), SiO2 scale is also subjected to loss [53]. A porous 
ZrO2 top layer with no continuous silica was observed when ZrB2-20vol%SiC was oxidized at 
2200°C for 10 minutes using oxyacetylene torch [53]. Below the top porous ZrO2 layer, a rather 
dense ZrO2 scale was seen as shown in figure 1.3. It was suggested that ZrO2 possibly sintered and 
grew into a dense coherent scale and in some way protected the underlying ceramics from 
catastrophic oxidation [53]. Further down from the surface, a layer composed of large voids was 
seen. Due to the presence of pores and coefficient of thermal expansion mismatch between the 
ZrO2 (10.8 × 10
−6 K−1) and ZrB2 (6.7 × 10
−6 K−1), this layer was expected to be susceptible to 
failure [53]. A SiC depleted region similar to the SiC depleted region mentioned above at lower 
temperatures was also observed.  
Various other oxyacetylene torch tests [38, 53, 54], as well as arc jet wind tunnel tests [55-
60] were also used recently to test ZrB2-SiC composites. The results from different test methods 
show some variation but a similar layered structure was reported for ultra-high temperature 
(>1800°C) exposures i.e. ZrO2 skeleton with or without silica, a mixed layer of ZrO2 and SiO2, a 
Si-depleted layer and base alloy [53, 55-58]. Deprived of the protection from continuous silica, 
the high melting ZrO2 skeleton is essential. It is the only refractory metal oxide that remains stable 
under these conditions; it serves as an oxidation barrier and provides integrity and strength to retain 
liquid SiO2 glasses [56].  
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Figure 1.3.  SEM micrograph of ZrB2-20 vol%SiC after oxidation for 2200°C for 10 min. [53] 
The effect on the SiC content has been reported and studied by various authors. An 
oxidation study of 11vol% to 49vol% of SiC addition in ZrB2 was studied at 1500°C by Peng et 
al. [61]. Higher SiC content was recommend for better oxidation resistance due to its thinner glassy 
layers as well as thinner ZrO2-rich underlayers. The authors suggested that the SiC rich 
composition formed more liquid SiO2 relative to ZrO2 initially and provided better sealing of the 
surface [61]. The continuous glassy layer limited further oxidation compared to SiC deficient 
compositions [61]. Through the perspective of zirconia transport by liquid convection mentioned 
above, Karlsdottir and Halloran [62] also studied the SiC content on oxidation of ZrB2. Among 
the 15vol%SiC, 20vol%SiC and 30vol%SiC substituted samples studied at 1550°C, they claimed 
higher oxidation resistance with higher SiC content. The higher oxidation resistant in higher SiC 
content composition was resulted from less formation of convection. Higher SiC content means 
less B2O3, and consequently resulted in less dissolved ZrO2 for formation of convection cells [62]. 
However, higher SiC was found detrimental at higher temperatures (≥1800°C). Clougherty et al. 
[63] conducted a comprehensive oxidation study from 1800°C to 2100°C with 5,10,15,35,50 vol% 
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of SiC substitution in 152 Torr oxygen partial pressure. Optimum oxidation resistance was 
observed on SiC levels of 15-35 vol%. 50vol% SiC showed worse oxidation behavior and it was 
completely oxidized at 2100°C [63]. Peng et al. [64] studied the oxidation behavior of 11vol%SiC, 
22vol%SiC and 49vol%SiC in the 1500°C to 1900°C range by thermogravimetric analysis. 
11vol%SiC experienced extensive oxidation due to limited Si supply to form complete surface 
silica coverage. The high concentration of ZrO2 particles in the oxidized scale in this composition 
also increased the permeability of the oxygen through the glassy layer [64]. 22vol%SiC sample 
were shown to possess the optimum oxidation resistance due to the formation of continuous glassy 
layer. 49vol%SiC showed comparable oxidation behavior to 22vol%SiC up to 1800°C, but severe 
SiC depletion at 1900°C [64]. Oxygen partially pressure was also found to affect the oxidation 
resistance provided by SiC. Han et al. [65] studied the oxidation resistance of ZrB2-20vol%SiC 
and ZrB2-30vol%SiC at high PO2 and low PO2 (2 × 10
-4 atm) levels at 1800°C. Better oxidation 
resistance was observed in 30vol%SiC sample at high PO2, [65]. At low PO2, however, 30vol%SiC 
showed worse oxidation resistance demonstrated by much larger SiC depleted zone (220µm in 
30vol%SiC compared to 85µm in 20vol%SiC).  
Other additions also have been considered and tested to increase the oxidation resistance 
of ZrB2. Most of these studies attempted to modify the microstructure and compositions. The main 
areas of interest were divided into the following five areas: [40] (1) tune the viscosity of the 
borosilicate glass (TaSi2 [66]); (2) inhibit ZrO2 polymorphic transformation (Ta [40]); (3) 
substitute SiC with another silicon containing compound (Ta5Si3 [67]); (4) introduce high 
temperature protective refractory phase (LaB6 [68]); (5) decrease the porosity of ZrO2 by liquid 
sintering of ZrO2 scale (WC [69]). Improvement in oxidation resistances were reported with these 
additives, but the beneficial effects usually present in a limited temperature range. Addition of Ta 
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containing compounds were reported to increase the oxidation resistance in 1627°C [66] and 
1100°C to 1500°C [67]. However, it resulted in severe oxidation at 1927°C due to liquid phase 
formation from Ta2O5 and/or zirconium tantalate phases [66]. LaB6 was shown to offer improved 
oxidation resistance at 2400°C [68], its effect in lower temperature regions was not reported. 
Studies on W containing additives improved the oxidation behavior of ZrB2, however, whether the 
composites offers comparable oxidation resistance to ZrB2-SiC was not mentioned [69].  
1.5 Mo-Si-B and its densification 
Mo-Si-B material system is identified as a promising candidate to use for next generation 
turbine blades. The attractive high temperature properties in this system are offered by Mo metal 
phase and multiple intermetallic phases present in the Mo-Si-B phase fields. Figure 1.4 shows the 
equilibrium phase diagram for the Mo-Si-B system at 1600°C. The regions bounded by Mo-
Mo5SiB2-Mo3Si [8, 70-75], Mo5SiB2-Mo3Si-Mo5Si3 [8, 76], and MoB-MoSi2-Mo5Si3 [74, 76] have 
attracted the most attention in this system. Among the phases present in Mo-Si-B phase diagram, 
MoSi2 is oxidation resistance due to SiO2 scale formation. Mo5SiB2 (T2) phase also exhibits 
excellent oxidation resistance, its oxidation product borosilicate glassy scale forms an excellent 
oxygen barrier [75, 77]; Mo5Si3 (T1) phase, when saturated with B, showed reasonable oxidation 
resistance [78], T1 is also known for its excellent creep resistance [79]; however, Mo3Si (A15) 
phase has poor oxidation resistance [75] and low fracture toughness [80]. Elimination of A15 is 
crucial in order to yield high performance high temperature alloys with combined properties 
provided by Mo, T1 and T2 phases. With W addition, Ray et al. [81] showed both theoretically 
and experimentally the destabilization of A15 phases and opens the Mo-A15 phase field to the 
Mo-T2 phase field. 
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Figure 1.4.  Isothermal section of the ternary Mo-Si-B phase diagram at 1600°C 
In most studies, Mo-Si-B dense bodies were obtained by arc melting of the elemental 
components [82]. However, due to differential cooling rates, arc melting did not result in 
homogenous microstructures [75].  Mo-Si-B composites can be sintered to nearly full density 
(about 95% or higher) by hot pressing and pressureless sintering, but the temperature needed is 
usually very high (1900°C or above) [76, 83]. Using a reaction sintering route 94% theoretical 
density was obtained at 1600°C [72]. Mo, Si3N4 and BN were used as the starting powders; the 
reactions in the sintering step were as follows: 
3𝑀𝑜 +
1
3
𝑆𝑖3𝑁4 → 𝑀𝑜3𝑆𝑖 +
2
3
𝑁2 (1.5) 
5𝑀𝑜 +
1
3
𝑆𝑖3𝑁4 + 2𝐵𝑁 → 𝑀𝑜5𝑆𝑖𝐵2 +
5
3
𝑁2 (1.6) 
Although the sintering temperature has been significantly lowered in this case, these 
chemical reactions limited Mo-Si-B composites to Mo, Mo3Si, Mo5SiB2 phase field. Besides, 
ultra-fine starting powders (~0.5 μm) were required for the enhanced densification. Also, extra 
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care was required to avoid any surface oxidation, which remain at the grain boundary and impede 
densification. In addition, the generation of N2 from the above reactions made full densification 
impossible.  
To increase the densification of Mo-Si-B, several alloying additions have been proposed 
and tested. 0.5 at. % Ni, Co, Fe, Cr, Zr, Nb, and Pd were tried separately as the sintering aids using 
reactive sintering. Ni was found to be most effective due to formation of quasi-liquid intergranular 
films [70, 72].   
1.6 Oxidation in Mo-Si-B 
Oxidation of Mo-Si-B generally involves evaporation of MoO3, and protective borosilicate 
scale formation. The extent on the evaporation and scale coverage and consequently the oxidation 
behavior varies depending on the composition chosen in the Mo-Si-B phase assembly. Higher 
oxidation resistance was observed in alloys rich in Si and B [76, 84, 85], while the presence of Mo 
is essential to provide adequate strength and fracture toughness [7, 73, 86].  
Generally, the oxidation behavior of Mo-Si-B alloys is characterized by three stages, an 
initial mass gain, a rapid mass loss, and finally, a steady state (Figure 1.5) [76]. The initial mass 
gain at around 600°C is due to the formation of silica and molybdenum oxides. At around 750°C, 
the composites started to exhibit a rapid mass loss, which is caused by the evaporation of MoO3. 
The oxidation resistance at the steady state region is a result of the slow formation of borosilicate 
scale which provides surface coverage.  
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Figure 1.5. Oxidation test results of different compositions of Mo-Si-B from 0-1000°C (I, II, III, 
IV, V represents different compositions of Mo-Si-B composites.) [76] 
The initial scale porosity and viscosity of the borosilicate scale play an important role in 
the oxidation behavior of Mo-Si-B composites (Figure 1.6) [76]. In figure 1.6, case (a) represents 
a situation with a porous initial scale and formation of low viscosity scale. In this case, initial larger 
pore size and higher pore fraction scale was formed due to higher Mo content (from Mo3Si phase). 
A higher initial mass loss was observed as in the case of “V” marked in figure 1.5. This porous 
scale provided a faster oxygen diffusion rate and resulted in a rapid oxidation of silicon according 
to reaction (1.7). Then the newly fast forming low viscosity scale sealed the surface and resulted 
in a coherent protective borosilicate oxide scale. 
𝑀𝑜5𝑆𝑖3 + 3𝑂2 → 5𝑀𝑜 + 3𝑆𝑖𝑂2 (1.7) 
In contrast, case (b) represents a situation with fine initial oxide scale and formation of 
high viscosity scale. Initially, fine oxide scale was formed due to lower Mo content (from Mo5Si3 
phase). A lower mass loss was observed as shown by plot “I” in figure 1.5.  Then silicon was 
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oxidized at a slower rate according to reaction (1.8). The newly formed higher viscosity scale was 
not able to provide complete coverage on the surface. The scale remained porous.  
2𝑀𝑜5𝑆𝑖3 + 21𝑂2 → 10𝑀𝑜𝑂3 + 6𝑆𝑖𝑂2  (1.8) 
 
Figure 1.6. Schematic of oxidation process at 600-1000°C. (a) formation of continuous 
protective viscous scale, (b) formation of incoherent porous scale [76] 
Si to B ratio is of paramount importance for oxidation resistance. It affects the oxidation 
behavior in two ways. Firstly, it determines the phase fraction of Mo5SiB2 which provides the best 
oxidation resistance [75]. Secondly, it controls the viscosity of borosilicate glass. The viscosity 
decreases with increasing B2O3 content as shown in figure 1.7 [87]. As mentioned above, optimal 
viscosity decrease would result in a better flow and thus a better surface coverage, which in turn 
yields a better oxidation resistance. However, oxygen diffusion would be faster in a less viscous 
scale, which could result in an increase in oxidation rate.  
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Figure 1.7. Viscosity of Borosilicate glass as a function of B2O3 amount at ~1760°C [87] 
Another way of modifying the viscosity of borosilicate scale is by alloying addition.  
Woodard et al. [88]) tested this idea, in their patent, and showed that a minor addition of 0.01-2.0 
wt% of transition metals (Fe, Ni, Co, Cu) improved the oxidation resistance of Mo-Si-B 
composites. Further experimental and theoretical studies on 0.05 wt% and 1.35 wt% Fe addition 
on arc melted Mo-2Si-B and Mo-3Si-1B (wt.%) composite concluded that the enhanced oxidation 
resistance was due to the reduced viscosity and enhanced glass fluidity of borosilica [89]. This 
effect was resulted from the presence of non-bridging oxygen (NBOs), with the interstitial spaces 
within the glass being occupied by a small amount of Fe.  
Microstructure also plays an important role in oxidation behavior of Mo-Si-B. 
Supatarawanich et al. [90] carried out an oxidation study on Mo-T2-A15 alloys with different 
compositions and microstructures between 600°C to 1300°C.  Best overall oxidation resistance 
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was demonstrated in near-alloys with fine dispersion of Mo, T2 and A15 phases [90]. Rioult et al. 
[75] further tested the microstructure size effect on the samples with the exact same composition 
(Mo–14.2 at% Si–9.6 at% B) at 1100°C. The sample with the finest microstructure showed lowest 
overall transient mass loss and more homogenous borosilicate glass coverage after 20 hours of 
oxidation. The oxidation resistance primarily resulted from the borosilicate glass originated from 
oxidation of T2 phase. Finer microstructure reduced the distance for glass flow. The boron 
diffusion to the porous non-protective silica glass formed on A15 and formed a continuous 
protective scale by decreasing viscosity [75].  
1.7 Problem formulation and approach 
In order to prevent significant damage to the structural UHTC material, study to improve 
the oxidation resistance is essential. For UHTCs containing boride and silicide (or boron and 
silicon), the oxidation resistance mainly comes from the SiO2 rich scale. The literature showed that 
the composition and viscosity of the scale and the microstructure of the base alloy play a crucial 
role in the oxidation behavior. Increasing oxidation resistance by tuning one or more of these 
factors is a problem that requires attention. Literature also showed that at high temperatures 
(≥~1800°C), silica were not capable to provide adequate oxidation protection; large thermal shock 
was also present between the base alloy and the oxide. Finding alternative for silica that can 
provide oxidation resistance at extreme environment and alleviating the thermal shock is another 
problem that needs addressing.  
AlN was considered in this work a promising candidate for approaching these problems in 
ZrB2-SiC system. Several attractive properties of AlN are shown in table 1.1 together with ZrB2 
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and SiC. High melting temperature and thermodynamic compatibility (close CTE values) with 
ZrB2 and SiC makes AlN a very suitable additive.  
Table 1.1. Selected properties of ZrB2, SiC and AlN 
Property ZrB2 SiC AlN 
Density (g/cm3) 6.12 3.21 3.26 
Melting point (°C) 3245 2730 2200 
Coefficient of thermal expansion (K-1) 5.9 × 10-6 4.0 × 10-6 4.5 × 10-6 
 
As already discussed above, AlN has been proven to be a good sintering aid for hot pressing 
of ZrB2-SiC composites [28, 29]. The role of AlN on the oxidation behavior of ZrB2-SiC will 
require systematic investigation as well, since this will be decisive in the material’s applications. 
The formation of Al2O3 in SiO2 may have the possibility to alter the scale viscosity [91], and thus 
the oxidation behavior. Moreover, Al2O3 and the possible formation of mullite from Al2O3 and 
SiO2 may provide additional oxidation resistance for base alloy at high temperatures, with Al2O3 
(Tm=2050°C [92]) and mullite (Tm=1850°C [92]) having a higher melting temperature than SiO2 
(Tm~1700°C [92]). However, to my knowledge, no one has studied the oxidation resistance of 
ZrB2-SiC with AlN as an alloying additive. In this work, composition effect on oxidation resistance 
of ZrB2-SiC-AlN by varying the amount of SiC and AlN was studied. Isothermal furnace tests at 
1600°C and below were used to test the oxidation behavior. Plasma jet tests at 2000°C in low PO2 
were also conducted to study the effect of SiC and AlN under severe environment.  
In the Mo-Si binary system, W was shown as effective additive to destabilizing detrimental 
A15 phase. Whether W addition can open up the phase field of Mo-A15-T2 to Mo-T1-T2 equilibria 
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in Mo-Si-B ternary system require further research. Subsequent investigation of oxidation 
resistance of W added Mo-Si-B is also of great importance. As a means to tune oxidation 
resistance, microstructural features is also another area that needs further study in this system. The 
effect of W alloying on oxidation was studied at 1100°C and 1400°C. Samples with the same 
composition but with significant different microstructure size scales were also made by two 
different processing routes (sintering and drop casting). A series of short term oxidation tests (~10s 
each) were conducted with emphasis on surface scale coverage and evolution.   
1.8 Dissertation organization 
This dissertation is organized in an alternate format, with the following four chapters 
prepared in the form of papers that have been or will be submitted for publication.  The current 
chapter provides a general introduction of the subject, review of the existing literatures and 
identifies the research problem with planned approaches. The conclusion chapter summarizes the 
entire work and provides suggestions for future work.  
Chapter 2 “High Temperature Oxidation of ZrB2-SiC-AlN composites at 1600°C” shows 
that the addition of AlN significantly affects the oxidation behavior at 1600°C due to the change 
in scale viscosity. Chapter 3 “Effect of AlN substitutions on the oxidation behavior of ZrB2-SiC 
ultra-high temperature composites at 1600°C” reports on the variation of AlN content with a fixed 
optimum SiC content suggested by chapter 2. The scale viscosity was further characterized and 
analyzed by examining the size of ZrO2 crystallites present in the scale. Chapter 4 “Ultra-High 
Temperature Cyclic Oxidation tests of ZrB2-SiC-AlN composites in low oxygen pressure, using 
plasma heating” deals with the oxidation behavior at ultra-high temperatures (2000°C), fast 
flowing plasma jet stream and low pressure (100 Torr) environment. This test efficiently simulated 
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the real condition the material may face during a real UHTC hypersonic vehicle application on a 
lab scale. Chapter 5 “Effect of W substitution on the transient oxidation of Mo-Si-B alloys” 
presents the W addition and its effect on microstructure in the initial stage of oxidation. This 
chapter provides additional insight to the oxidation resistance provided by coverage and spreading 
of protective silica scale. The Appendix “Pressureless Sintering of Mo-Si-B Alloys with Fe 
Additive” explored the possibility of lowering the sintering temperature of Mo-Si-B by transient 
liquid phase sintering approach.  
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CHAPTER 2. HIGH TEMPERATURE OXIDATION OF ZrB2-SiC-AlN COMPOSITES 
AT 1600°C  
(A paper published in Journal of the American Ceramic Society) 
Gaoyuan Ouyang, Pratik K Ray, Matthew J Kramer, Mufit Akinc 
Department of Material Science and Engineering, Iowa State University, Ames, Iowa  
Division of Materials Science and Engineering, Ames Laboratory, Ames, Iowa 
2.1 Abstract  
The effect of AlN substitution on oxidation of ZrB2-SiC was evaluated at 1600°C up to 
five hours. Replacement of ZrB2 by AlN, with 30 vol% SiC resulted in improved oxidation 
resistance with a thinner scale and reduced oxygen affected area. Substitution of AlN for SiC on 
the other hand, resulted in a deterioration of the oxidation resistance with an abnormal scale and 
significant recession. The effect of SiC content was also studied, and was found to be consistent 
with the literature for the composites without AlN additions. A similar effect was observed when 
AlN was added, with the higher SiC content materials showing improved oxidation resistance. X-
ray photoelectron spectroscopy (XPS) showed the presence of Al2O3 and SiO2 on the surface, 
which could possibly lead to a modification in the viscosity of the glassy oxide scale. Possibly, the 
oxidation behavior of ZrB2-SiC composites can be improved with controlled AlN additions by 
adjusting the Al:Si ratios. 
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2.2 Introduction 
ZrB2-SiC composites are promising candidates for ultra-high temperature ceramics for 
hypersonic applications because of their unique thermal, chemical and physical properties. These 
composites have high melting temperatures, ranging from 2270°C (ZrB2-SiC eutectic) to 3050°C 
[1]( pure ZrB2), low densities ranging from 3.21 g cm
-3 for SiC to 6.08 g cm-3 for ZrB2 and high 
thermal conductivity (ca. 60 W m K-1 at room temperature [2]). In order to fully densify ZrB2-SiC 
composites at ambient pressure, several additives such as WC, C and/or B4C have been proposed 
[3-8]. Several alloying additions have also been considered and tested with the goal of improving 
the oxidation resistance of ZrB2-SiC. Most of these studies attempted to modify the microstructure 
and composition. The common approaches towards this problem were summarized by Eakins et 
al. [9] as: 1) increase the viscosity of the borosilicate glass (W [9], TaSi2 [10]); 2) inhibit ZrO2 
polymorphic transformation (Ta [9]) ; 3) substitute SiC with another silicon containing compound 
(Ta5Si3 [11]); 4) introduce high temperature protective refractory phase (LaB6 [12]); 5) decrease 
the porosity of ZrO2 by liquid phase sintering of ZrO2 scale (WC [9]).  
Recently, AlN has been proposed as a sintering aid for hot pressing of ZrB2-SiC composites 
[13, 14]. Addition of AlN leads to the partial removal of B2O3 from the surface of ZrB2 particles, 
which in turn helps with the densification process. The reaction between AlN and B2O3 results in 
the formation of Al2O3 and BN, which, possibly contributed to a lower degree of grain growth 
compared to the unmodified ZrB2 samples [13, 14]. However, despite the availability of literature 
on the role of AlN as a sintering aid, not much has been reported on how AlN affects the oxidation 
behavior of ZrB2-SiC composites. Al2O3, which forms when AlN is oxidized, is a good oxygen 
barrier at moderate temperatures and lowers the viscosity of the borosilicate scale, thereby 
improving its ability to flow into pores and form a continuous protective oxide layer [15]. Taking 
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these into account, AlN substitution is expected to alter the oxidation behavior of ZrB2-SiC 
composites. The present study attempts to address the oxidation behavior of ZrB2-SiC composites 
with AlN substitutions at 1600°C. 
2.3 Experimental 
ZrB2 (Grade B, ~2 µm particle size, H.C.Starck, Karlsruhe, Germany), SiC (Grade UF-10, 
~1µm particle size, H.C.Starck, Karlsruhe, Germany) and AlN (Grade C, ~1µm particle size, 
H.C.Starck, Karlsruhe, Germany) were used as raw materials in this study. Four compositions were 
synthesized: ZrB2-30vol%SiC (ZS73, no AlN addition), ZrB2-30vol%SiC-10vol%AlN (ZSA631, 
AlN substitution for ZrB2), ZrB2-20vol%SiC-10vol%AlN (ZSA721, AlN substitution for SiC) and 
ZrB2-20vol%SiC (ZS82, no AlN addition). These composites were sintered from dense compact 
and subsequently oxidized at 1600°C and their oxidation behavior was studied.  
Samples were sintered by following the procedure described by Zhang et al. [5]. Ceramic 
powders were wet milled in a plastic jar using WC as milling media using roller mill (Cole-Parmer 
Lab mill 8000, Vernon Hills, IL) and methyl ethyl ketone (MEK) as solvent for 24 hours. The 
powders were contaminated by a small amount (≈1-2%) of WC from milling media which is 
believed to be beneficial as a sintering aid [5]. The mixture was milled for another 24 hours after 
binder (QPAC40, polypropylene carbonate) addition. Following wet milling, the solvent was 
evaporated at 40°C in vacuum. The sample was ground and sieved through a 300 µm sieve. 
Cylindrical samples were prepared by pressing powders, first uniaxially, followed by cold isostatic 
pressing at 310 MPa. The binder was burned out at 600°C for one hour in flowing argon 
atmosphere before sintering. Finally, samples were placed in a BN-coated graphite crucible and 
sintered in an electrical resistance furnace equipped with graphite heating elements (3060-FP20, 
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Thermal Technology Inc., Santa Rosa, CA). The sintering profile included two one-hour 
isothermal holds at 1250°C and 1450°C in vacuum to remove the surface oxides [5]. Samples were 
then sintered at 2000°C in flowing helium atmosphere for two hours.  
Sintered densities were measured using the Archimedes method according to the ASTM 
standard B962-13 and converted to relative theoretical densities. Theoretical densities were 
estimated using the rule of mixtures under the assumption that there was no change in composition 
during sintering. Microstructures and phase assemblages of the sintered samples were studied 
using a JEOL 5910Lv (Tokyo, Japan) scanning electron microscope (SEM) and a Philips 
PANalytical x-ray diffractometer (XRD) (Almelo, Netherlands). Composition mapping were done 
using a FEI Quanta-250 (Hillsboro, Oregon) SEM equipped with Oxford Aztec energy-dispersive 
x-ray analysis system. Cross sections of the samples were polished before analysis. The samples 
were etched with molten NaOH/KOH (1:1 molar ratio) at ~200°C to reveal the ZrB2 grain 
boundaries for estimation of the grain sizes. Measurements were done from 3 representative areas 
of each sample, and the grain sizes estimated using an Image Analysis program (Image J).  
Samples were placed on ZrO2 crucibles and oxidation tests were carried out in a box 
furnace at 1600°C in ambient air for up to 5 hours. They were introduced directly to the preheated 
furnace for isothermal oxidation and removed after desired time intervals. Three samples were 
tested for each time period and their specific mass changes were averaged. Samples were weighed 
before and after the test. The oxidized surface was studied using SEM, XRD and XPS, after which 
the oxidized cross-section microstructures were studied. For surface XPS, the measurement was 
done using PHI™ Physical Electronics 5500 Multitechnique ESCA system (Physical Electronics 
Inc., Chanhassen, MN) with monochromatic Al Kα radiation (1486.6 eV). The peak positions were 
determined with reference to the adventitious carbon peak at 284.6 eV. The atomic concentration 
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was calculated by using the sensitivity factors provided with the PHI™ acquisition software. The 
thickness of the oxide scale was determined by measuring the thickness at 10 areas or more, at 
100μm intervals, along the scale.  
2.4 Results and Discussion 
Figure 2.1 shows the microstructure of the sintered samples. The relative densities of the 
composites were found to be 99.4%, 98.4%, 93.5% and 95.5% for ZS73 (Fig.1a), ZSA631 
(Fig.1b), ZSA721 (Fig.1c) and ZS82 (Fig. 1d) respectively. The bright phase in these micrographs 
corresponds to ZrB2, while the dark phase corresponds to SiC and/or AlN. SiC and AlN could not 
be differentiated in the backscattered images due to nearly identical Z contrast. The presence of 
AlN and SiC, therefore, was confirmed using x-ray diffraction. Presence of the constituent 
elements and phases was further confirmed with EDS elemental mapping as shown in Figure 2.2 
(a, b, c and d). Substitution of AlN for ZrB2 (Figure 2.1b and 2.2b, ZSA631) leads to a finer 
microstructure (ZrB2 grain size 6.2±0.3 μm in ZS73, 3.9±0.4 μm in ZSA631) which is in 
agreement with the literature [13, 14]. 
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Figure 2.1. Backscattered images of ZrB2-SiC-AlN composites, after sintering. (a) ZS73; (b) 
ZSA631; (c) ZSA721, (d) ZS82. 
 
Figure 2.2. Layered EDS elemental maps of ZrB2-SiC-AlN composites, after sintering. (a) ZS73; 
(b) ZSA631; (c) ZSA721, (d) ZS82. The bright phase has high concentration in Zr, B; the grey 
phase has high concentration in Si, C; the dark phase has high concentration in Al, N.   
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ZSA721 shows a larger mass gain during oxidation relative to ZS82, ZS73 and ZSA631, 
as shown in Figure 2.3. It appears that ZS73 and ZSA631 exhibit similar mass gain and seem to 
level off around five hours while ZSA721 shows higher mass gain initially and continues to gain 
weight almost at a linear rate. Similarly, the ZS82 sample, despite a lower initial mass change, 
exhibits a significant mass gain with time. The oxidation of these composites is likely to involve 
multiple reactions [16]. Possible chemical reactions are tabulated in Table 2.1. Reactions 1, 2 and 
4 would result in a mass gain, while reactions 3 and 5 would result in mass loss. Reaction 3 also 
represents active oxidation of SiC, leading to a Si depleted subsurface [16]. Figure 2.3 reflects the 
net effect of these reactions. Hence, a microstructural study of the oxidized cross-sections was 
carried out to analyze the oxidation behavior of these samples. 
 
Figure 2.3. Mass change of samples on oxidation in air at 1600°C. Each data point represents 
average of three samples with error bars indicated for the range of mass change. 
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Table 2.1. Mass change associated with various oxidation reactions[17]  
Number Reactions Mass per mole of Δm, g 
1 ZrB2(s) + 
5
2
 O2(g)  ZrO2(s) + B2O3(l) ZrB2 80 
2 SiC(s) + 
3
2
 O2(g)  SiO2(l) + CO(g) SiC 20 
3 SiC(s) + O2(g)  SiO(g) + CO(g) SiC -40 
4 AlN(s) +
3
4
  O2(g)  
1
2
 Al2O3(s) + 
1
2
 N2 (g)17  AlN 10 
5 B2O3(l)  B2O3(g) B2O3 -69.6 
 
Figure 2.4 shows the 5 hour oxidized cross-section microstructures of these composites. 
ZS73, ZSA631 and ZSA721 show a degree of similarity in their oxidation behavior, with the scale 
comprised of three layers. While the thickness of these layers differed for each sample, the general 
nature remained the same. The top layer exhibiting a dark contrast corresponds to the silica scale. 
ZS73 (Figure 2.4a) and ZSA631 (Figure 2.4b) exhibit a thinner continuous oxide scale in 
comparison to ZSA721 (Figure 2.4c). ZSA721 has numerous pores and discontinuities within the 
oxide scale. Additionally, ZSA721 sample also shows the presence of ZrO2 channels perpendicular 
to the surface, extending well into the oxide subscale. Multiple ZrO2 clusters could also be seen 
throughout the microstructure. It has been shown in the literature that SiO2 affords improved 
oxidation resistance in comparison to ZrO2 in ZrB2-SiC systems [18, 19]. According to Opeka et 
al. [19], parabolic rate constant for ZrO2 is much higher than SiO2. Thus, oxygen transport in ZrO2 
channels is expected to be much higher than the silica scale. Although volume diffusion of oxygen 
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through ZrO2 grain is limited resulted from its poor electronic conductivity [20], interfacial 
diffusion of oxygen through ZrO2 interface is three to four orders magnitude faster [21]. 
Furthermore, the zirconia formed on the scale is not dense - pores are present in the zirconia scale, 
and rapid penetration of oxygen is also possible through pores and cracks in the ZrO2 channel. 
Hence, the presence of ZrO2 channels and clusters instead of an uninterrupted silica scale 
exacerbates the oxidation of the composite. The oxidized microstructures of ZS82 shows the 
similar layered microstructures, but followed by a large and irregular Si depleted region, as shown 
in figure 2.4(d).  
 
Figure 2.4. Cross-section microstructures of the 1600°C, 5h oxidized coupons - (a) ZS73, (b) 
ZSA631, (c) ZSA721 and (d) ZS82. The inset shows the structure of the oxide scale at a higher 
magnification (300x)  
It can be seen from the composition maps in figure 2.5 that the various layers in ZSA631, 
ZS73 and ZSA721 are rather regular and relatively planar, whereas ZS82 shows significant 
irregularities, which is in agreement with the results reported by Williams et al.[22]. The Si map 
35 
 
 
shown in figure 2.5(h) shows this irregularities clearly, especially in case of the Si depleted region. 
The oxidation behavior in this composite is therefore expected to be relatively stochastic. 
 
Figure 2.5. EDS maps of corresponding elements for four 5h oxidized coupons. (a) ZS73, (b) 
ZSA631, (c) ZSA721 and (d) ZS82; Their corresponding Si maps are shown in e, f, g, h.  
 
Figure 2.6. Schematic representation of the oxygen affected area after 5h oxidation, based on 
EDS mapping ((a) ZS73, (b) ZSA631, (c) ZSA721, and (d) ZS82). The light gray channels / 
cluster in the top layer are ZrO2 channels. 
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The microstructures show the presence of an intermediate layer of oxide underneath the 
silica scale for ZS73, ZSA631 and ZS721. The elemental distributions mapped using EDS indicate 
the presence of Zr, Si and O, while the backscattered images suggest the presence of two phases. 
Hence, presumably, this layer is comprised of ZrO2 + SiO2, which would be in accordance with 
the results reported in the literature. [16, 23] The layer underneath this mixed oxide scale exhibits 
significant silicon depletion. This Si depleted region forms the final layer of the oxygen affected 
area. The mechanism of silicon depletion has been discussed elsewhere [16]. While all these three 
compositions show an intermediate layer of ZrO2 + SiO2 of comparable thickness, they exhibit 
significant differences in the top layer and the subscale region. ZSA631 (Figure 2.4b) has the 
thinnest top layer of ~ 30±10 μm, while ZSA721 (Figure 2.4c) has the thickest silica layer, ~ 
120±10 μm. ZS73 has a silica top layer thickness of ~ 50±5 μm. The thickness of the silica scale 
in ZS82 shows a significant variation, but the relatively uniform regions of the scale are 
comparable to ZSA631, showing a thickness of 35±10 μm. The subscale region is comparable for 
ZS73 and ZSA631, with the latter having a marginally thinner subscale (65 μm vis-à-vis 50 μm). 
However, ZSA721 shows a very thick silicon depleted subscale, ~ 150 μm. The ZS82 sample also 
exhibited the layered structure. The presence of SiO2 in the SiO2 + ZrO2 layer is quite low that the 
layer boundary not easily recognizable to eye. In this case, there is a significant variation in the Si 
depleted region ranging from 80–150μm. Based on the microstructure and EDS analysis, the net 
oxygen affected region for ZS73, ZSA631, ZSA721 and ZS82 were 160 μm, 130 μm, 300 μm and 
110– 180μm respectively (shown schematically in figure 2.6).  
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Figure 2.7. X-ray diffractogram of the surface of ZS73, ZSA631, ZSA721 and ZS82 coupons 
after oxidation in air at 1600°C for five hours. 
X-ray data was collected from the oxidized surfaces of these samples (Figure 2.7). The 
diffractograms from ZSA721 and ZS82 were dominated by the peaks of monoclinic ZrO2. 
However, at the lower diffraction angles 19° < 2θ < 22°, extremely small peaks corresponding to 
SiO2 can be observed. Peaks corresponding to zircon or mullite were absent. On the other hand, 
both ZS73 and ZSA631 exhibit high background in 2θ = 20° - 30° region which is the characteristic 
of an amorphous phase. The nature of these diffraction patterns can be attributed to two factors - 
(i) Zr, having a higher atomic number than Si (40 vis-à-vis 14), has a higher atomic scattering 
factor which translates to stronger x-ray intensities [24] and (ii) the relative amount of ZrO2 at the 
surface is higher in ZSA721 or ZS82, compared to ZS73 and ZSA631. Crystalline ZrO2 will result 
in a higher intensity compared to SiO2, and this effect will be amplified as the amount of ZrO2 
increases relative to SiO2. The SEM studies indicated the presence of significant amount of ZrO2 
channels and clusters near the surface, embedded in the surrounding silica in ZSA721, in 
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comparison to ZS73 and ZSA631. The SEM results are, therefore, further corroborated by the x-
ray evidence. 
The presence of ZrO2 channels would provide an easy pathway for oxygen in ZSA721. 
This results in higher Si recession in the subscale. However, the presence of a significant amount 
of ZrO2 is indicative of inadequate surface coverage by the oxide scale in this particular case. Since 
the primary protection against oxidation in these materials is due to the formation of continuous 
SiO2 layer, it stands to reason that the oxidation resistance would be significantly dependent on the 
amount of Si available to form SiO2. Furthermore, a lower SiO2 content in the scale is likely to be 
balanced by higher ZrO2 content, which has an adverse effect on the oxidation resistance since the 
presence of ZrO2 in the scale results in a discontinuous SiO2 layer. The effect of SiO2 content is 
also evident when the oxidation behavior of ZS73 and ZS82 are compared. ZS82 has a larger (and 
non-uniform) Si depleted region underneath the silica scale. This deterioration in oxidation 
resistance caused by reduced SiO2 content is consistent with the literature [22]. The lower degree 
of mass change in ZS82 is likely due to the presence of higher ZrB2 content which results in larger 
amounts of the volatile B2O3. This contributes to larger mass loss and lower net mass gains. As 
discussed in the text, mass change is not the best indication of oxidation resistance, especially since 
it represents the net results of gain (oxidations remaining on the scale) and loss (volatile oxides).  
ZS73 and ZSA631 have the same volume fraction of SiC. However, ZSA631 contains 10% AlN 
and 60% ZrB2 (as opposed to 70% ZrB2 in ZS73). The oxide scale that initially forms at high 
temperatures in these composites is a borosilicate scale. The SiO2-B2O3 system shows a low 
melting liquid around 440°C on the B2O3 rich side [25]. As the SiO2 content increases, the liquidus 
temperature increases correspondingly as well. B2O3 is known to volatilize above 1200°C. 
Therefore, during the oxidation process, as the temperature increases above 1200°C, B2O3 starts 
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to evaporate from the surface, which drives the liquidus temperatures higher. This is likely to result 
in increased viscosity of the oxide scale, which in turn, will result in poorer surface coverage. 
Accurate quantification of boron is difficult. Minimum amount of boron is expected in the scale 
surface based on the XPS results (Table 2.2). This result is in agreement with the results of Shugart 
et al.[26], Rezaie et al. [27], Levine et al. [28] and Karlsdottir et al. [29] that the surface B content 
in the glassy scale is low due to the high vapor pressure of boria [30], although its amount could 
be higher deeper in the glassy layer.   
Table 2.2. XPS data from the oxidized surface (units in atomic percentage) 
Sample B O Al Si Zr Al:Si B:Si 
ZS73 2 71 - 26 < 1 - 0.1 
ZSA631 2 72 4 22 < 1 0.2 0.1 
ZSA721 3 72 4 20 < 1 0.2 0.15 
ZS82 2 71 - 23 5 - 0.1 
 
Urbain et al. reported the viscosities in the Al2O3-SiO2 system over a range of compositions 
and temperatures [15]. They showed that as the Al2O3 content increased, the viscosity of the Al2O3-
SiO2 system decreased at 1600°C. The presence of Al2O3 from the oxidation of AlN in ZSA631 is 
therefore likely to lower the viscosity of the oxide scale in comparison to the ZS73 sample and 
hence result in a continuous surface coverage. This, in fact, is reflected in the cross-section 
micrographs (Figure 2.4a and 2.4b for ZS73 and ZSA631 respectively), where it can be clearly 
seen that the top layer in oxidized ZS73 has a higher ZrO2 content compared to ZSA631, which 
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would have formed before complete scale coverage was obtained. The presence of ZrO2 is not 
detected primarily because the depth probed by XPS is typically of the order of tens of nanometers, 
whereas the ZrO2 islands in the micrographs show up at a depth of few microns. As expected, 
given the similar AlN content, the XPS results (Table 2.2) from the oxidized ZSA721 showed a 
similar surface Al content. However, a greater volume fraction of ZrB2 leads to greater availability 
of Zr to form ZrO2, in comparison to ZSA631. The porous and permeable ZrO2, once formed in 
significantly larger quantities, compared to ZSA631, provides oxygen pathway deeper into the 
material, which accounts for the difference in oxidation resistance between these two composites.  
2.5 Conclusions 
ZrB2-SiC-AlN compacts with and without AlN were synthesized by pressureless sintering. 
AlN additions resulted in finer microstructures, when substituted for ZrB2. The oxygen affected 
region showed a degree of similarity with a SiO2 rich layer forming on the surface, followed by a 
ZrO2 + SiO2 interlayer, and finally a Si depleted subscale. Chemical analysis showed the presence 
of Al (possibly as Al2O3) in minor quantities on the oxidized surface. Based on the work of Urbain 
et al. [15] , this is likely to reduce the viscosity of the protective SiO2 rich layer, which can flow 
and cover the surface, thereby protecting the composite from further oxidation. The ZrB2-
30vol%SiC-10vol%AlN (ZSA631) showed the best oxidation resistance while the ZrB2-
20vol%SiC-10vol%AlN (ZSA721) showed the worst oxidation resistance due to the copious 
formation of oxygen permeable ZrO2 channels and clusters, excessive silica viscosity reduction, 
limited Si supply and higher initial porosity. Therefore we conclude that a more oxidation resistant 
material can be made with a proper Al to Si ratio, tailoring the glass phase viscosity while still 
providing sufficient Si content to form a protective oxide scale.  
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CHAPTER 3. EFFECT OF AlN SUBSTITUTIONS ON THE OXIDATION OF ZrB2-SiC 
AT 1600°C  
(A paper submitted in Journal of the American Ceramic Society) 
Gaoyuan Ouyang, Pratik K Ray, Matthew J. Kramer and Mufit Akinc 
Materials Science and Engineering and Ames Laboratory, US-DOE 
Iowa State University, Ames, IA 50011 
3.1 Abstract 
The oxidation behavior of ZrB2-SiC composites, with varying amounts of AlN substituting 
for ZrB2, was studied under steady ambient air atmosphere at 1600°C for up to five hour. Small 
amounts of AlN substitutions (≤ 10 vol%) were found to result in marginally improved oxidation 
resistance, whereas larger amounts resulted in a deterioration in the oxidation resistance. The size 
of ZrO2 clusters on the oxidized surface was found to be a function of the AlN content. This effect 
was more pronounced after longer oxidation times (~ 1 hour) as opposed to shorter durations (~ 5 
minutes). The coarsening of the surface ZrO2 crystallites was attributed to Ostwald ripening. It 
was postulated that presence of AlN results in the formation of Al2O3 during the oxidation process, 
subsequently resulting in a lowering of viscosity of the glassy silica scale and increasing oxygen 
permeation through the scale, which adversely affects the oxidation resistance of the high AlN 
containing composites. 
Keywords: ZrB2, SiC, AlN, oxidation, UHTC 
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3.2 Introduction 
The need for non-ablative thermal protection systems for sharp leading edges in hypersonic 
vehicles has been a key driver for the recent research on ZrB2 based composites [1-6]. ZrB2-SiC 
has been considered as a viable option due to a combination of excellent physical and chemical 
properties. These composites offer high temperature stability due to their extreme 
melting/dissociation temperatures [7] coupled with relatively low densities [8]. Additionally, high 
temperature oxidation of these composites results in the formation of an oxide scale comprising of 
B2O3, SiO2 and ZrO2 that affords a degree of oxidative stability [5, 9-14]. B2O3 provides oxidation 
resistance at relatively low temperatures (< 1150°C), but evaporates rapidly at higher temperatures 
[15, 16]. Therefore, at elevated temperatures, the oxidation behavior of these composites is 
governed by the formation of hermetic layers of SiO2 and ZrO2 at the surface. A number of 
chemical reactions occur during the high temperature oxidation of ZrB2-SiC composites resulting 
in the formation of a multilayered scale [15]. The external scale comprises primarily of SiO2, with 
ZrO2 clusters interspersed in it. Underneath the top layer a Si-depleted ZrO2 layer is formed. The 
oxidation resistance arises due to the glassy silica layer that flows and covers the surface [15]. The 
presence of B2O3 (formed due to oxidation of ZrB2) helps reduce the viscosity of the silica scale 
and allows it to flow easily and seal the surface [17]. B2O3, however is known to evaporate above 
1150°C [16, 18], although it is likely to be present at the very early stages of oxidation. Shugart et 
al. studied the retained B2O3 in the depth profile of surface oxide scale during oxidation of ZrB2-
SiC composites at 1500°C, and found that at longer exposures, the amount of B2O3 at the surface 
decreases rapidly [19, 20]. At higher temperatures, much lower concentration is expected as its 
vapor pressure increases significantly with temperature (~200Pa at 1500°C and ~1000Pa at 
1600°C [21]). In fact, no boron was detected by EDS in ZrB2-20vol%SiC ceramics when oxidized 
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at 1627°C [22] and ZrB2-15vol%SiC oxidized at 1700°C by electron microprobe analyzer (EPMA) 
[23]. Al2O3, on the other hand, will persist at elevated temperatures, and is known to reduce the 
viscosity of silicates [24] and will, therefore, possibly enhance the oxidation resistance [25]. 
Therefore, it is important to ascertain the oxidation resistance of ZrB2-SiC modified by an alumina 
former such as AlN. 
Bulk ZrB2-SiC composites have been synthesized in an array of shapes and sizes by 
consolidation of ZrB2 and SiC powders. Hot pressing and pressureless sintering have emerged as 
the two significant approaches for densification of powder compacts. While pressureless sintering 
is carried out by the addition of a binder system that is subsequently removed during the processing 
[26-29], hot pressing has been abetted by the addition of AlN as a sintering aid [30-33]. In addition 
to its potency as a sintering aid, our recent efforts indicated that AlN substitutions affect the 
oxidation behavior of ZrB2-SiC composites [25]. Brach et al. have studied the oxidation resistance 
of AlN-ZrB2-SiC composites containing up to 55 vol% AlN [34]. They found that the external 
layer of the scale ruptures easily at higher temperatures and recommended using the material under 
1100°C. While the oxidation resistance of ZrB2-SiC composites has been extensively studied over 
a range of temperatures, the oxidation behavior of ZrB2-SiC composites with small amounts of 
AlN substitutions has not been studied systematically. In this paper, we present our results on the 
oxidation behavior of ZrB2-SiC composites with AlN substitutions. The SiC content has been 
maintained at 30 vol% for all the samples, with the AlN substituting the ZrB2 in the composites. 
3.3 Experimental 
The starting powders used in this study were ZrB2 (Grade B, ~2 µm particle size, 
H.C.Starck, Karlsruhe, Germany), SiC (Grade UF-10, ~1µm particle size, H.C.Starck, Karlsruhe, 
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Germany) and AlN (Grade C, ~1µm particle size, H.C.Starck, Karlsruhe, Germany). Four 
compositions were studied in this research. The SiC content was maintained at 30 vol%, while 
AlN was substituted for ZrB2 from 0 to 15 vol% in 5vol% increments. Coupons with a thickness 
of ~1.5 mm and a diameter of ~10.5 mm were processed by pressureless sintering, following the 
method developed by Zhang et al. [26]. The powders were wet milled in plastic jars using methyl-
ethyl ketone (MEK) as a solvent and WC balls. Polypropylene carbonate (QPAC40) was added as 
binder during milling. After removing the solvent, the binder coated powders were consolidated 
first by dry pressing, followed by cold isostatic press at 310 MPa to form disc shaped compacts. 
The binder was burned out at 600°C, and the samples were sintered at 2000°C for 2 hours to 
achieve final densification, with low temperature isothermal holds for 1 hour each at 1250 and 
1450°C to remove the surface oxides from the particles. Sintered densities were expressed as 
relative to true density of the composite. Densities were measured using Archimedes method 
according to ASTM standard B962-15 [35], and true densities were calculated using the rule of 
mixtures. Cross-sections of samples after sintering were studied using FEI Quanta-250 Scanning 
Electron Microscope (SEM) equipped with Oxford Aztec energy-dispersive X-ray spectroscopy 
(EDS) analysis system.  
Oxidation tests were carried out in a box furnace at 1400, 1500 and 1600°C for 5 and 15 
minutes. Longer duration (30 and 60 minutes, and 5 hours) oxidation tests were also carried out at 
1600°C. Samples were placed on ZrO2 crucibles. Significant reaction was not observed between 
the sample and crucible during the experiment. The crucibles containing samples were inserted in 
a preheated furnace and subsequently removed after desired time intervals. Post-oxidation phase 
analysis was done using x-ray diffraction in a Philips PANalytical X-Ray diffractometer equipped 
with a Cu Kα radiation in a Bragg-Brentano reflection geometry. Additionally, microstructure of 
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the oxidized surface and cross-sections were evaluated by SEM. The crystallite size of ZrO2 was 
measured using the approach adopted from Karlsdottir and Halloran [36]. More than 50 ZrO2 
crystallites were randomly chosen and their length in the horizontal direction of the image was 
measured using Image J (NIH, Bethesda, MD). The scale thickness and oxygen affected depth 
were estimated by taking 15 measurements along the scale.  
3.4 Results and Discussion 
Density measurements indicated that all the samples were found to be fully densified (> 
99% relative density) after sintering. Figure 3.1 shows the microstructures of the sintered 
composites. The bright phase is ZrB2, while the dark phase is SiC and/or AlN. SiC and AlN have 
near-identical Z contrast; hence it was not possible to differentiate them using backscattered 
imaging. The EDS maps shown in figure 3.1, however, allow us to ascertain the distribution of the 
AlN phase. Based on the sintered microstructures, it is apparent that all three phases are well 
dispersed, with no apparent segregation. AlN modified composites also showed a marginal 
reduction in the ZrB2 phase features. Absence of any significant porosity is consistent with the 
Archimedes density measurements indicating the samples to be fully densified. A reduction in 
ZrB2 results in relatively less contiguous distribution of the ZrB2 phase. The size of the ZrB2 phase 
features decreases with an increase on AlN content. 
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Figure 3.1. Backscattered micrographs (and corresponding AlN EDS maps) of sintered, 
unoxidized ZrB2-SiC-AlN composites. (a) ZrB230SiC, (b) ZrB2-30SiC-5AlN, (c) ZrB2-30SiC-
10AlN and (d) ZrB2-30SiC-15AlN; e,f,g,h shows their AlN EDS maps respectively. 
  
Figure 3.2. ZrO2 features on the surface oxide scale after 1 hour of oxidation at 1600°C. (a) 
ZrB230SiC, (b) ZrB2-30SiC-5AlN, (c) ZrB2-30SiC-10AlN and (d) ZrB2-30SiC-15AlN. 
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Even though the addition of AlN resulted in a decrease in the size of ZrB2 phase features, 
it didn’t affect the size of the ZrO2 features formed during oxidation. Figure 3.2 shows the surface 
of the oxidized samples after 1 hour of isothermal oxidation. It can be seen that as the AlN content 
increases, the ZrO2 features in the scale grow coarser. The addition to 5 vol% AlN resulted in a 
significant coarsening in comparison to the unmodified sample. Increasing the AlN content to 15 
vol% caused further coarsening, with ZrO2 assuming a dendritic morphology. The formation of 
dendritic ZrO2 features during oxidation has been previously reported by Karlsdottir and Halloran 
[36, 37]. We postulate that the coarsening of ZrO2 occurs via the Ostwald ripening mechanism 
[38]. Addition of Al2O3 to SiO2 melts has been known to result in a reduction in viscosity [24]. A 
reduction in viscosity will result in enhanced diffusivity according to the Stokes-Einstein equation 
– 
r
kT
D
6
  (3.1) 
where D denotes the diffusivity, η denotes the fluid viscosity, k is the Boltzmann constant, T is the 
absolute temperature and r is the radius of the molecules.  
Diffusion controlled Ostwald ripening is governed by the Lifshitz-Slyozov-Wagner (LSW) 
theory according to the equation – 
t
kT
Dvc
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9
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  (3.2) 
where R  is average particle size at a time t, 0R  is the initial particle size, D  is the diffusion 
constant, c  is solubility of the particle in the liquid,   is the interfacial energy, v is the atomic 
volume, k is Boltzmann constant, and T  is absolute temperature. Karlsdottir and Halloran have 
reported that ZrO2 dissolves in liquid B2O3 during the oxidation of ZrB2-SiC composites, and the 
initial liquid that forms is a ZrO2-SiO2-B2O3 ternary liquid [36, 37]. With the evaporation of B2O3, 
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the composition of the ternary liquid shifts to the SiO2 rich compositions, in which ZrO2 is not 
soluble, and hence re-precipitates, facilitating the Ostwald ripening process. Figure 3.3 shows the 
variation in the size of the surface ZrO2 features as a function of time and composition at 1600°C. 
It can be seen that the particle size increases with time for all four compositions studied. The rate 
of increase (difference in initial and final size over time) also accelerates with increasing AlN 
content.  
 
Figure 3.3. Effect of composition and time on the size of ZrO2 crystallites oxidized at 1600°C. 
At temperatures as high as 1600°C, it is expected that B2O3 will evaporate rapidly from the 
surface oxide scale. In fact, Shugart et al. reported a rapid decrease in the B2O3 content at the 
surface of the oxide scale following oxidation at 1500°C, although the boron content increased 
deeper into the scale [19]. Figure 3.4(a) shows the vapor pressure of B2O3 as a function of 
temperature. The vapor pressure diagram is based on the thermodynamic data available in the 
NIST-JANAF tables [39]. The vapor pressure exceeds 1 atmosphere at ~ 1150°C, and B2O3 starts 
51 
 
 
to evaporate significant. The rate of increase in vapor pressure accelerates with temperature, and 
the vapor pressure is increased by about five fold going from 1500 to 1600°C. Therefore, it is 
expected that the retained B2O3 after an hour of oxidation at 1600°C will be significantly lower in 
comparison to the work done by Shugart et al. at 1500°C. As a first approximation, we can get a 
qualitative understanding of the viscosity of the oxide scale by considering the viscosities of SiO2-
Al2O3 melts. Interestingly, the Al2O3-ZrO2 phase diagram shows the presence of a eutectic at ~ 42 
mol% ZrO2, with a eutectic temperature of ~ 1700°C [40]. Figure 3.4(b) shows the variation of 
viscosity with Al2O3 content in SiO2 at four different temperatures. This plot is based on the 
experimental data reported by Urbain et al. [24]. It should be noted that the viscosities of pure SiO2 
at 1853, 1953 and 2003 °C have been calculated from the silica data at different temperatures 
assuming an Arrhenius relationship. This assumption appears to be valid since Urbain et al. 
demonstrated a linear relation between the logarithm of viscosity and 1/T. It can be seen that at all 
temperatures, a similar trend can be observed in the reduction of viscosity with Al2O3 additions in 
silicate melts. Initially, small Al2O3 content results in a sharp decrease in viscosity. However, the 
rate of viscosity reduction decreases with higher Al2O3 content. Oxidation of AlN is expected to 
lead to the formation of Al2O3, whose presence in the SiO2 scale will affect the viscosity, and 
hence its ability to seal the surface of the coupon. The reduction in viscosity by AlN (and hence 
Al2O3) additions would imply enhanced mobility of ZrO2 in the glassy scale, which facilitates an 
Ostwald ripening process in the oxide scale. The viscosity of B2O3-Al2O3 melts reported by 
Riebling [41] also indicates a reduction in viscosity with increasing Al2O3 content. We are not 
aware of any reports on the viscosity variation in the ternary Al2O3-SiO2-B2O3 melts (without 
alkali metal oxide additions), but it is reasonable to assume that the viscosity is expected to 
decrease with higher Al2O3 content since Al2O3 additions to both B2O3 and SiO2 result in a 
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reduction in viscosity of the binary systems, which in turn is likely to result in enhanced mobility 
of ZrO2 particles in the scale.  
 
Figure 3.4. (a) Vapor pressure of B2O3 as a function of temperature and (b) viscosity of SiO2-
Al2O3 melts at several temperatures.[24] 
Figure 3.5 shows the variation of the size and distribution of surface ZrO2 features as a 
function of time and AlN content at 1600°C. During the initial stages of oxidation (5 minutes), 
ZrO2 forms fairly uniformly over the surface. At this stage, the glassy scale has not hermetically 
sealed the surface, and the scale is porous. With increasing oxidation time, the glassy scale 
gradually flows, and fills the pores. Consequently, the porosity is greatly reduced after 15 minutes 
of oxidation. A marginal coarsening of the ZrO2 particles can be observed as well. At the end of 1 
hour of oxidation, the pores are mostly covered, and the ZrO2 coarsens and is present as well-
developed clusters. The change in distribution of ZrO2 and its size further bolsters the argument 
that Ostwald ripening (or a very similar process) takes place in the glassy oxide scale during 
oxidation. In addition to a ripening phenomenon, a second factor should be considered as well – 
namely, increasing oxidation times result in increasing amount of ZrO2 forming in the surface 
oxide layer. Greater concentration of ZrO2 particles in the scale also accelerates the ripening 
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process, since the mean diffusion distance required for transporting ZrO2 before it gets re-
precipitated on larger features is reduced.  
 
Figure 3.5. Surface oxide on ZrB2-30SiC after (a) 5 minutes, (b) 15 minutes and (c) 60 minutes 
of oxidation at 1600°C 
Figure 3.6 shows the surface micrographs after 5 minutes of oxidation for the ZrB2-30SiC 
sample at three different temperatures (1400, 1500 and 1600°C). ZrO2 fingers growing outwards, 
surrounded by a small region with darker contrast can be seen clearly after 5 minutes of oxidation 
at 1600°C, in figure 3.6(c). These elongated fingers are not quite as prominent at 1500°C (figure 
3.6(b)), and hardly distinguishable at 1400°C (figure 3.6(a)). The mass transport of ZrO2 to the 
surface was studied by Karlsdottir and Halloran and explained using a convection cell theory [36, 
37, 42, 43]. They observed “island-in-lagoon” patterns on the surface of ZrB2-15SiC samples after 
oxidation at 1550°C for 2 hours [43], somewhat similar to the patterns we observed in the ZrB2-
30SiC samples at 1600°C, albeit at much shorter time intervals. In their work, bright ZrO2 rich 
regions could be seen (islands) in grayish lagoons (SiO2 rich regions, with dark petals of B2O3 
being observed in the immediate vicinity of ZrO2. In this study, after 5 minutes of oxidation at 
1600°C, shown in figure 3.5(c), we observed ZrO2 fingers (instead of islands) surrounded by 
regions of dark contrast (presumably B2O3) in a SiO2 matrix. Relatively smaller amounts of ZrB2 
results in a lower fraction of ZrO2 in comparison to Karlsdottir and Halloran’s work [43], which 
54 
 
 
coupled with short time intervals, explains the presence of isolated fingers rather than larger 
islands. With subsequent coarsening, larger ZrO2 clusters, or islands can be seen, for instance, in 
figure 3.5(c), although the B2O3 petals were not clearly evident. The absence of B2O3 petals can 
be attributed to faster evaporation of B2O3 at 1600°C in comparison to 1550°C (vapor pressure 
changes to ~ 1200 Pa at 1600°C from ~ 350 Pa at 1550°C). Additionally, lower ZrB2 content 
results in smaller amounts of B2O3 formation during the oxidation process. In fact, Karlsdottir and 
Halloran indicated that the convection cell mechanism become less and less apparent with a 
reduction in boron content [37]. B2O3 content is relatively high when it forms deeper in the scale, 
but gradually reduces towards the surface of the scale. The loss of boria in the scale caused large 
viscosity difference between the freshly formed ZrO2-SiO2-B2O3 liquid in the subsurface and the 
viscous surface [43] which in turn creates the convection cell. Due to large volume increase upon 
oxidation (380%), this fresh borosilicate liquid is squeezed up away from the interface to the 
surface through convention cells. After upwelling on the surface, the borosilicate liquid flows 
radially from the center ZrO2 column and resulting in the SiO2 rich surface. ZrO2 is transported to 
the surface by solution-precipitation mechanism in the borosilicate liquid [42], which is consistent 
with the mechanism of Ostwald ripening of solute particles in liquids [44].  
 
Figure 3.6. ZrO2 features on the oxidized surface of the ZrB2-30SiC composite after 5 minutes of 
oxidation at (a) 1400°C, (b) 1500°C and (c) 1600°C 
55 
 
 
Oxidation products of ZrB2-SiC-AlN at 1600°C are likely to be B2O3 (g), ZrO2 (s), SiO2 
(l) or SiO (g), CO (g), Al2O3 (s) and NO (g). ZrO2 does not form a compact surface barrier layer 
to inhibit further oxidation. On the other hand, borosilicate glass can form a protective layer due 
to its large oxidation volumetric expansion and ability to flow. The gas species evolve out from 
the sample during oxidation and disrupt the scale. Bubbles were seen and reported by various 
authors due to evolution of gases [20]. Initially, the presence of B2O3 in SiO2 adds to the flow 
behavior of the glassy scale. Figure 3.7 shows the cross-section micrographs after 5 and 60 minutes 
of oxidation at 1600°C for different AlN contents. After 5 minutes of oxidation, the ZrO2 is 
transported upward can be observed in all the compositions, but is especially prominent in the 
ZrB2-30SiC sample. After one hour of oxidation, the convection cell mass transport is not quite as 
prominent, especially for the lower AlN compositions. Higher AlN content results in relatively 
lower viscosities at the surface due to the presence of Al2O3 in SiO2 – hence, they show a greater 
degree of ZrO2 transport from the subscale to the outer layer of the scale. The SiO2 layer itself is 
marginally thinner in the AlN containing samples. The lower viscosity aluminosilicate covers the 
surface more efficiently, and this is reflected in the homogeneity and the thickness of the silica 
scale at this stage. All the samples show a Si depleted region (below the ZrO2 rich layer), which 
appears to be thinner and more uniform in the AlN containing samples, especially those with 5% 
AlN after 60 minutes of oxidation, even though there is hardly any difference at the end of 5 
minutes. Thus, at least at the initial stages of oxidation, it would appear that addition of AlN 
improves the oxidation resistance.  
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Figure 3.7. Cross-section micrographs after oxidation at 1600°C for 5 minutes ((a) ZrB230SiC, 
(b) ZrB2-30SiC-5AlN, (c) ZrB2-30SiC-10AlN and (d) ZrB2-30SiC-15AlN.) and 60 minutes ((e) 
ZrB230SiC, (f) ZrB2-30SiC-5AlN, (g) ZrB2-30SiC-10AlN and (h) ZrB2-30SiC-15AlN.). 
Figure 3.8 shows the cross section images of all four compositions after 5 hours of 
oxidation at 1600°C. The oxide scale, including the SiO2 rich top layer, ZrO2 inter layer and the 
Si depleted region, is comparable in figures 3.8(a-c) and is consistent with the literature on ZrB2-
SiC composites [5, 13, 15, 37]. However, the oxide scale is significantly thicker in figure 3.8(d) 
for the 15 vol% AlN containing composite. The micrographs in Figure 3.7 and figure 3.8(a-c) were 
taken at the same magnification, and the progressive thickening of the oxide scale with time is 
quite apparent. However, the scale thickens at a much faster rate with 15 vol% AlN addition, and 
hence micrograph for this sample (figure 3.8(d)) was taken at a lower magnification to show the 
whole thickness of the oxide scale. The oxide scale for the 15 vol% AlN composition is 
significantly thicker (~ 440 μm) compared to the scale on ZrB2-30SiC composite (170 μm). The 
scale thicknesses in the 5 and 10 vol% AlN were found to be approximately 130 and 140μm 
respectively. Clearly, higher levels of AlN do not provide adequate oxidation protection at elevated 
temperatures. The composites studied by Brach et al. [34] had even higher AlN content (~ 55 
vol%) and failed at even lower temperatures (~ 1300°C). However, the failure mode in their study 
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was different, involving rupturing of the external scale, due to the formation of aluminoborates, 
which was not observed in the present study due to the relatively lower Al2O3 content.  
 
Figure 3.8. Cross-section of the oxidized coupons after 5 hours of oxidation at 1600°C. (a) 
ZrB230SiC, (b) ZrB2-30SiC-5AlN, (c) ZrB2-30SiC-10AlN and (d) ZrB2-30SiC-15AlN. 
The surface microstructures presented earlier, coupled with the research of Urbain et al. 
[24] and Riebling [41] on viscosity reduction by Al2O3 additions indicated a progressive decrease 
in viscosity with increasing AlN content. This information, in conjunction with our prior research 
[25], the work of Williams et al. [13], the schematic mechanisms proposed by Karlsdottir and 
Halloran [43] and Fahrenholtz [15] can now be used to explain the evolution of oxidized cross-
sections. The oxidation resistance of ZrB2-SiC-AlN composites is affected by numerous factors 
such as temperature, time and composition, with each playing a significant role on the oxide scale 
viscosity, which in turn governs the mass transport mechanisms and hence, the oxidation 
resistance. The relation between temperature and viscosity is typically an Arrhenius relation [24, 
45, 46]. A complication arises in the current system due to the vaporization of B2O3 with increasing 
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temperature, which in turn results in B2O3 depletion at the surface and hence a relative increase in 
viscosity as compared to the values predicted by an Arrhenius relation. B2O3 is still retained deep 
within the oxide scale [19] resulting in differential viscosities at the subsurface and surface, which 
in turn creates convection cells [36, 42, 43]. Longer exposure times at a given temperature affects 
the oxidation in two ways – firstly, greater time allows for greater oxygen transport through the 
scale, although this is expected to progressively decrease, and secondly, densification of the SiO2 
from the top surface to toward the base composite. The second factor is also responsible for the 
gradual reduction in the number density of the convection cells [36]. This behavior becomes 
apparent from the cross-section micrographs shown in figures 3.7 and 3.8, especially for the ZrB2-
30SiC composites. The ZrO2 channels resulting from the convection cells are quite prominent after 
5 minutes of oxidation at 1600°C and fewer after an hour, as seen in figure 3.7(a), and are almost 
completely eliminated after 5 hours of oxidation. The composition of the composites affects the 
oxidation resistance primarily in three ways. First, the relative amounts of Al2O3 and B2O3 formed 
is governed largely by composition, and this affects the viscosity of the oxide scale. Second, the 
relative amounts of ZrO2 and B2O3 are important for controlling the dissolution of ZrO2 in the 
glassy scale, and its subsequent re-precipitation resulting in ripening of ZrO2 islands. Finally, the 
composition affects the fraction of SiO2, the surface coverage and hence the oxidation 
resistance[13], since the external protective oxide layer is almost exclusively SiO2 [5, 15].  
3.5 Conclusions 
Oxidation behavior of ZrB2-30vol%SiC with limited AlN substitution was studied at 
1600°C for times up to 5 hours. Low AlN substitutions (5%, 10%) for ZrB2 resulted in enhanced 
oxidation resistance with thinner scales. High AlN substitutions (i.e. , 15%) resulted in severe 
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oxidation with excessive ZrO2 dissolved in the oxide scale and formed a thick scale. The altering 
of the oxidation performance can be ascribed to the viscosity reduction in the oxide scale due to 
the presence of Al2O3 formed as a result of AlN oxidation. The coarsening of ZrO2 particles formed 
during the initial stages of oxidation further indicated the reduced viscosity and enhanced mass 
transport with increasing AlN additions. A lower viscosity scale can provide better surface 
coverage, but at the same time allows for rapid oxygen permeation. The rate of oxygen diffusion 
through the silica scale is governed by temperature, and hence the optimal viscosity of the oxide 
scale is likely to be a function of the temperature. Basically, the optimal viscosity (and hence the 
composition) is dictated by the need for adequate surface coverage, and slow oxygen transport 
through the scale.  
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CHAPTER 4. ULTRA-HIGH TEMPERATURE CYCLIC OXIDATION TESTS OF ZrB2-
SiC-AlN COMPOSITES IN LOW OXYGEN PRESSURE, USING PLASMA HEATING 
(A paper to be submitted to Journal of the American Ceramic Society) 
Gaoyuan Ouyang, Matthew F Besser, Pratik K Ray, Matthew J Kramer, Mufit Akinc  
Department of Material Science and Engineering, Iowa State University, Ames, Iowa  
Division of Materials Science and Engineering, Ames Laboratory, Ames, Iowa 
4.1 Abstract 
ZrB2-SiC-AlN ceramics with varying amounts of SiC and AlN have been tested in our 
plasma spray facility at 2000°C at 100 Torr pressure using synthetic air. High ZrB2 containing 
samples (ZrB2-20vol%SiC) experienced oxide detachment during multiple cycles while low ZrB2 
containing samples (ZrB2-30vol%SiC, ZrB2-30vol%SiC-10vol%AlN) suffered from severe 
oxidation and structural damage. SiC in itself was not sufficient to provide oxidation resistance 
due to active oxidation and mechanical scouring at this test condition. Addition of AlN while 
maintaining an adequate amount of ZrB2 and SiC was essential for alleviating the thermal shock 
damage and improving the oxidation resistance.  
4.2 Introduction  
ZrB2 based Ultra High Temperature Ceramics (UHTCs) are considered candidate materials 
for applications in extreme environments, such as thermal protection systems for hypersonic 
vehicles [1, 2]. Key challenges in such environments include extreme temperatures due to 
aerodynamic heating during the re-entry phase (~ 2000K or higher), low pressures and oxygen 
content in the atmosphere. The major benefits offered by ZrB2 are high melting temperature 
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(3050°C) [3], relatively low density (6.08 g cm-3), high thermal conductivity (c.a. 60 W m K-1 at 
room temperature [4]) and adequate oxidation resistance. Addition of SiC to ZrB2 has been shown 
to result in improved oxidation resistance at elevated temperatures [2, 5-7]. Oxidation of ZrB2 
results in the formation of ZrO2 and B2O3. Oxidation of SiC results in the formation of a SiO2 
scale. The presence of SiO2 and B2O3 results in formation of a protective glassy scale [5]. This 
borosilicate scale is preferred over boria scale, as B2O3 vaporize significantly at 1200°C and above 
[5].  Above ~1700°C active oxidation of SiC leads to gaseous SiO and CO formation, leaving a 
porous SiC depleted interlayer [8-10]. At extreme high temperature (≥2000°C), SiO2 scale is also 
subjected to loss [11]. Poly-crystalline ZrO2 does not form a dense surface oxide layer to provide 
adequate oxidation resistance [12]. However, ZrO2 provides structural integrity to the scale [13]. 
The influence SiC additions on oxidation resistance of ZrB2 has been previously studied and 
concluded that the effect depends on the temperature and oxygen partial pressure [7, 14-16]. 
Clougherty et al.[14] concluded that optimum oxidation resistance was attained at 15-35 vol% SiC 
between  1800° to 2100°C and for 152 Torr oxygen partial pressure. 
In addition to improving the oxidation resistance, SiC also acts as a sintering aid for ZrB2 
presumably by limiting ZrB2 grain growth [13]. The densification of ZrB2-SiC UHTCs is further 
improved by the addition of AlN, especially under hot-pressing conditions [17, 18]. Addition of 
AlN is also likely to alter the oxidation behavior of the material, since AlN oxidizes to form Al2O3, 
which is itself an excellent barrier. Furthermore, the formation of Al2O3 is likely to alter the 
viscosity of the glassy borosilicate scale. In fact, our work on the oxidation of these materials at 
1600°C shows that AlN can indeed have a beneficial effect on the oxidation resistance of these 
materials, provided sufficient amount of SiC is present in the alloy [19]. However, active oxidation 
of SiC is not significant at 1600°C or below. It is expected that oxidation tests at elevated 
65 
 
 
temperatures (1800°C and above) will display a different oxidation mechanism, with the active 
oxidation becoming increasingly important at higher temperatures [8, 9, 20]. Similarly, the oxygen 
partial pressure is another factor that governs the stability of the SiO2. Lower oxygen pressures 
facilitate active oxidation, thereby accelerating the degradation of the UHTC [21].  
Recently, oxyacetylene torch [11, 22, 23] and arc jet wind tunnel [13, 24-28] were used to 
test ZrB2-SiC composites to simulate the real flight conditions. The results from different test 
methods show some variation but a similar layered structure was reported for ultra-high 
temperature (>1800°C) exposures i.e. ZrO2 skeleton with or without silica, a mixed layer of ZrO2 
and SiO2, a Si-depleted layer and base alloy [11, 13, 24-26].  However, none of the ultra-high 
temperature tests have addressed the effect of AlN additions on ZrB2-SiC composites. In this work, 
we studied the oxidation behavior of ZrB2-SiC-AlN and compare them to that of ZrB2-SiC at low 
oxygen partial pressure. Temperatures around 2000°C were attained, while maintaining the air 
pressure at 100 Torr.  
4.3 Material and methods 
Samples were prepared from commercially available powders: ZrB2 (Grade B, ~2µm 
particle size, H.C.Starck, Karlsruhe, Germany) SiC (Grade UF-10, ~1µm particle size, H.C.Starck, 
Karlsruhe, Germany) and AlN (Grade C, ~1µm particle size, H.C.Starck, Karlsruhe, Germany). 
Nominal composition of ZrB2-30vol%SiC (ZS73), ZrB2-30vol%SiC-10vol%AlN (ZSA631), 
ZrB2-20vol%SiC (ZS82), ZrB2-20vol%SiC-10vol%AlN (ZSA721) were prepared and studied in 
this paper. Samples were prepared using a method described in our previous paper [19], in 
accordance with the approach adopted from Zhang et al. [29]. Powders were mixed and milled in 
plastic jars with methyl ethyl ketone using WC as milling media. Organic binder (QPAC40, 
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polypropylene carbonate, Empower Materials Inc., New Castle, DE) was added in the milling 
procedure to increase the density of the green body. Binder coated powders were harvested from 
the mixture using roto-evaporation followed by grinding and sieving through 44µm screen. 
Cylindrical compacts with a diameter of ~12 mm and height of ~20 mm diameter were uniaxially 
pressed followed by cold isostatic pressing at 310 MPa. Binder removal was carried at 600°C in 
flowing argon atmosphere, prior to the sintering. A sintering temperature of 2000°C was used for 
30 vol% SiC samples, while 2200°C was used for 20 vol% SiC samples. Both sintering profiles 
included two one-hour isothermal holds at 1250°C and 1450°C in vacuum to remove the surface 
oxides. The sintered densities were measured according to ASTM standard B962-15 [30] using 
Archimedes principle. Relative density was expressed as fraction of calculated theoretical density 
for each composition.  
A plasma gun (SG-100, Praxair Surface Technologies, Indianapolis, IN), with a power 
input of 40kW was used for heating the test samples to the target temperature (2000°C). Argon 
was used as the plasma gas and helium was used as auxiliary gas (gas pressure 10.3 bar (150 psi) 
and 3.4 bar (50 psi) respectively). A ZrO2 coated graphite hollow cylinder with a hollow push rod 
was used to hold the test specimen. A separate vacuum line was used against the rear surface of 
the sample through the push rod to hold the sample in place. A manual sliding sample holder 
system was designed to change the sample standoff (distance from the sample’s anterior surface 
to the plasma gun). The gun and sample holder were placed inside a vacuum chamber. A pressure 
of 100 Torr was used for the test with continuous air supply. The oxygen content was measured to 
be 21% by an oxygen sensor (MAX-250E, Maxtec Inc, Murray, UT) whose probe was placed ~1 
inch from the sample front surface. Sample surface temperature was measured by a two color 
optical pyrometer (Modline 5R-3015, Ircon Inc., Santa Cruz, CA) through a window at an angle. 
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The pyrometer was calibrated using type R/S thermal couple (Omega Engineering Inc., Stamford, 
CT) and black body, with the accuracy of the measurements being ± 10ºC. The layout of the 
experimental setup is shown in figure 4.1.  
 
Figure 4.1. Experimental layout of the plasma test experiment. Left: schematic of the experiment 
set up, 1 – vacuum pump, 2 – gun movement control, 3 – gun support, 4 - plasma gun, 5 – 
sample, 6 – sample holder, 7 – sample support, 8 – air to vacuum converter, 9 – two-color 
pyrometer, 10 – oxygen probe, 11 - computer; Right: photo of the experiment set up in vacuum 
chamber and sample during test.  
All compositions were subjected to ten minutes one- and five-cycle testing. The sample 
was place 6 mm above the holder (with ~14mm inside the hollow holder) for each test.  The front 
surface and the 6mm length side surface were included in the surface area calculation. All the tests 
were started at an identical standoff to maintain identical initial heating rate. The standoff was 
adjusted manually during the test to maintain 2000 (±50)°C for ten minutes. For cyclic tests, the 
samples were cooled in vacuum for 30 minutes with plasma gun off before it was removed for 
measurement and inspection and reloaded for next cycle. The temperature was recorded during 
test using ModView software (Ircon Inc., Santa Cruz, CA) at 1.5 seconds intervals. The 
temperature profile for ZS73 cyclic testing is shown in figure 4.2. The sample mass was measured 
after each cycle. The sample surface was analyzed by SEM (Quanta-250, FEI Company, Hillsboro, 
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Oregon) and XRD (Philips PANalytical, Almelo, Netherlands), the cross-section was examined 
by stereo microscope (SZX12, Olympus Co., Tokyo, Japan) with a digital camera (DP21, Olympus 
Co., Tokyo, Japan), SEM and EDS (Oxford Aztec, Oxford Instruments, Abingdon, United 
Kingdom).  
 
Figure 4.2. Temperature profile recorded for ZS73 sample for the cyclic test.  
4.4 Volatility Diagram 
The volatility diagram was constructed by considering all possible boron, silicon and 
aluminum vapor species while carbon and nitrogen species were ignored. The chemical reactions 
used for the construction of the volatility diagram have been tabulated in table 4.1. The relevant 
chemical reactions for boron, silicon were taken from available literature [7, 8]. The 
thermodynamic data and equilibrium constants were taken from the NIST-JANAF tables [31]. The 
volatility diagram in figure 4.3 covers the species with the highest vapor pressure at each PO2. The 
species that have lower vapor pressures are not plotted for simplicity. The vapor pressures 
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estimated for various Si and B species are in agreement with the values reported in the literature 
by other researchers [7, 8, 32].   
  
Figure 4.3. ZrB2-SiC-AlN volatility diagram  
Table 4.1. Reactions used in ZrB2-SiC-AlN system [23]  
Reactions with ZrB2 as condensed phase Reactions with B2O3 as condensed phase 
ZrB2 (cr) +3O2 (g)  ZrO2 (cr)+2BO2 (g) B2O3(l)  B2O3(g) 
ZrB2 (cr) + 2.5O2 (g)  ZrO2 (cr)+ B2O3 (g) B2O3(l) + 0.5 O2(g)  2BO2(g) 
ZrB2 (cr)+2O2 (g)  ZrO2 (cr)+B2O2 (g) B2O3(l)  B2O2 (g) + 0.5O2 (g) 
ZrB2 (cr)+2O2 (g)  ZrO2 (cr)+2BO (g) B2O3(l)   2BO(g) + 0.5O2 (g) 
ZrB2 (cr) + 1.5O2 (g)  ZrO2 (cr)+B2O (g) B2O3 (l)  B2O (g) + O2 (g) 
ZrB2 (cr)+O2 (g)  ZrO2 (cr)+B2 (g) B2O3 (l)  B2 (g) + 1.5O2 (g) 
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Table 4.1 continued 
ZrB2 (cr)+O2 (g)  ZrO2 (cr)+2B (g) B2O3 (l)  2B (g) + 1.5 O2 (g) 
Reactions with SiC as condensed phase Reactions with SiO2 as condensed phase 
SiC (cr) + 1.5O2 (g)  SiO2 (g) + CO (g) SiO2 (l)  SiO2 (g) 
SiC (cr) + O2 (g)  SiO (g) + CO (g) SiO2 (l)  SiO (g)+ 0.5O2 (g) 
SiC (cr)  + 0.5O2 (g)  Si (g) + CO (g) SiO2 (l)   Si (g)+ O2 (g) 
Reaction with AlN as condensed phase Reaction with Al2O3 as condensed phase 
AlN (cr) +O2 (g) AlO (g) + NO (g) Al2O3 (cr)  2AlO (g) + 0.5O2 (g) 
AlN (cr) +1.5O2 (g) AlO2 (g) + NO (g) Al2O3 (cr) +0.5 O2 (g)  2AlO2 (g) 
AlN (cr) +0.5O2 (g) 0.5Al2 (g) + NO (g) Al2O3 (cr)  Al2 (g) + 1.5O2 (g) 
AlN (cr) +0.75O2 (g) 0.5Al2O (g) + NO (g) Al2O3 (cr)  Al2O (g) + O2 (g) 
AlN (cr) +O2 (g) 0.5Al2O2 (g) + NO (g) Al2O3 (cr)  Al2O2 (g) + 0.5O2 (g) 
 
The volatility diagram indicates that the significant vapor species in this system are B2O3, 
SiO and Al2O. A separate graph of vapor pressure containing these species as a function of 
temperature is calculated and plotted. B2O2 is also considered since it has comparable vapor 
pressure to B2O3 at the ZrB2-ZrO2 interface and has higher vapor pressure than B2O3 at lower 
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oxygen partial pressure regime. ZrO is the most dominant vapor species among Zr species, so it is 
plotted on the diagram. SiO2 is also considered due to its high vapor pressure at high oxygen partial 
pressures. The vapor pressures of B2O3, SiO2 are in equilibrium with their corresponding liquid 
and independent of PO2. Since SiO has the highest vapor pressure at Si-SiO2 interface [32], PO2 at 
this interface was used. Similar approach was used for ZrO, Al2O and B2O2 to determine the PO2 
needed. The calculated vapor pressures are in good agreement with the data reported by Opeka et 
al. [32].   
  
Figure 4.4. Vapor pressure of relevant vapor species as a function of temperature 
4.5 Results and Discussion 
All samples achieved a relative density of 93% or higher. Figure 4.5 shows the 
microstructures of the sintered samples. SiC or a combination SiC and AlN (dark phase) was well 
distributed in the ZrB2 matrix (bright phase). It has been reported in the literature that addition of 
SiC results in improved densification of ZrB2-SiC composites [13]. Consequently, a higher 
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sintering temperature (2200°C as opposed to 2000°C for the ZS73 and ZSA631) was required for 
samples with lower SiC content (ZS82 and ZSA721) in order to attain significant densification. 
Higher sintering temperatures possibly accounts for a coarser grain structure of ZS82 and ZSA721 
in comparison to ZS73 and ZSA631. Since AlN and SiC have very similar Z contrast, it is not 
possible to distinguish these two phases with backscattered electron imaging. Both of the two 
phases appeared dark in the backscattered images. Figures 4.5(e) and (f) show the elemental Al 
distribution acquired using EDS. Comparing EDS maps in 5(e) and (f) between 5(b) and (c), Al 
presents only portion of the dark contrast phase features. The remaining of the dark phase has high 
Si content. AlN and SiC phases are thus believed present in separate phases. The difference in size 
of the AlN features also form the same trend as ZrB2 phases.  
 
Figure 4.5. SEM micrographs of sintered samples: a. ZS73, b. ZSA631, c. ZSZ721 d. ZS82; and 
Al maps: e. ZSA631, f. ZSA721.  
After a single cycle of 10-minutes oxidation to ~ 2000°C, all the samples developed a thick 
yellowish oxide layer. Analysis of the XRD patterns of the sample surfaces showed them to be 
primarily monoclinic ZrO2. Minor amount of crystalline SiO2 was also observed in all the samples 
except ZS73 (figure 4.6).  
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Figure 4.6. XRD pattern of samples surfaces after 10 minutes oxidation in plasma  
Figure 4.7 shows the SEM images of the surface after a 10-minutes oxidation at 2000°C. 
The bright phase represents ZrO2. The SEM observations are consistent with the XRD patterns of 
the surface, as only ZrO2 (confirmed by EDS) was seen on ZS73 sample surface while ZrO2 
coexisted with a darker phase in other compositions. The majority of the surface structure of ZS73 
was comprised of discrete clusters of ZrO2. Large channels (or pores) were present in between the 
ZrO2 clusters. ZSA631 showed a completely different microstructure compared to the other three 
samples, with the surface showing a fine lamellar morphology. EDS analyses indicated the 
presence of Al, Si and oxygen in the surface scale. The majority of ZS82 surface revealed ZrO2 
agglomerates and Si-O rich phase as shown in figure 4.7c. ZSA721 showed similar microstructures 
as compared to ZS82 with ZrO2 (bright phase) and regions rich in Al, Si and O (dark phase).  
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Figure 4.7. Surface micrographs of 10-minutes tests samples. Micrographs a-d shows the 
representative features of the samples ZS73, ZSA631, ZS82, ZSA721 respectively.  
The mass change data after the 10-minutes of oxidation is presented in table 4.2. ZS73 and 
ZSA631 lost significant amount of mass, while ZS82 gained mass. Mass change for the ZSA721 
sample was minimal. In order to measure the scale thickness, optical micrographs of cross-sections 
were taken. The scale thickness is measured from the base alloy interface to the outer surface. The 
measurements were done over the entire sample cross-sections at a 500 µm intervals. The results 
were compared with SEM micrographs and were in good agreement. The sample ZS73 showed 
the highest, ZS82 showed minimum while ZS631 and ZSA721 were comparable in scale thickness.  
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Table 4.2. Mass change data and scale thickness for samples after 10-minutes tests 
Sample 
Mass change 
(mg/cm2) 
Scale thickness (µm) 
ZS73 -11.3 498±42 
ZSA631 -10.1 287±55 
ZS82 10.7 262±62 
ZSA721 -0.1 325±82 
 
The cross-section SEM and corresponding EDS maps are shown in figure 4.8. These results 
are consistent with the results showed in table 4.2, with the maximum scale thickness being 
observed in ZS73 sample and minimum being observed in ZS82 sample. In all the samples, the 
scales primarily consist of ZrO2. In ZS73, Si is completed depleted in the oxide layer. Some Si 
remained in ZS82 and ZSA721 samples oxides. ZSA631 showed the highest amount of Si in the 
oxide scale. Elemental distribution of Al has been shown in figure 4.8b (ZSA631) and 4.8d 
(ZSA721). ZSA631 sample showed an Al rich top layer.    
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Figure 4.8. Cross-section SEM and EDS maps of 10-minute tested samples. (a) ZS73, (b) 
ZSA631, (c) ZS82, (d) ZSA721. The first column on the left shows the back scattered electron 
images. The elements mapped in EDS maps are indicated below the EDS maps. The arrow 
shows the depth of oxygen affect region. 
The thermodynamically stable oxides of ZrB2-SiC-AlN system are Al2O3, SiO2, B2O3 and 
ZrO2. Destabilization of the stable oxides is possible only at extremely low oxygen pressures. For 
instance, the destabilizing these oxides at 2300K requires an oxygen pressure under 10-10 atm. 
However, the stability of the oxides also depends on their relevant vapor species. As can be seen 
from figures 4.3 and 4.4, increasing the temperature from 1800K to 2300K results in more than 
two orders of magnitude increase in B2O3 vapor pressure. Similarly, the vapor pressure of other 
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species increase as well. At the test temperature, B2O3 is expected to evaporate significantly once 
it forms. During the experiment, a green fluorescence was observed at the initial stage of the 
plasma exposure but diminished after a few minutes. This green fluorescence emission 
corresponds to volatilization of the boron species [33]. This was further confirmed by EDS, with 
boron being largely absent on the surface. SiO2 has a low enough vapor pressure that it is not likely 
to vaporize as SiO2 (g). However, SiO2 is susceptible to active oxidation, according to the reaction 
[21]: 
SiO2 (l)  SiO (g) +0.5O2 (g) (4.1) 
This reaction is accompanied by a decrease in mass. The high vapor pressure of SiO is likely to 
result in large depletion of Si species at high temperatures.  
The highest vapor pressure in Al species is more than one order of magnitude lower than 
Si species. Therefore, it is expected that Al should be less prone to depletion in comparison to Si. 
ZrO2 is not likely to vaporize from the surface, since its vapor ZrO reached only 10
-5.58 atm at 
2300K. Therefore, the overall surface oxides thermodynamically favorable would be ZrO2 and 
possibly some SiO2 and Al2O3. Not surprisingly, both ZrO2 and SiO2 were observed in the XRD 
pattern and SEM micrographs (with the exception of ZS73, which showed the presence of ZrO2 
only). Al2O3 was not observed at the oxidized surface for any of the samples investigated. The 
absence of SiO2 in the diffraction pattern of ZS73 is consistent with the surface micrographs of 
ZS73 (figure 4.8a), which shows a preponderance of ZrO2 clusters, but no visible SiO2 glassy outer 
scale. The EDS map (figure 4.8a) suggests a large oxygen affected region, and indicates the 
presence of SiO2 at depths below 300μm from the surface, and hence can’t be detected by x-rays. 
ZS82 (figure 4.8c), on the other hand, has a much thinner scale, as a result of which the SiO2 is 
close enough to the surface and is observed in corresponding XRD pattern. ZSA631 and ZSA721 
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(figure 4.8b and d respectively) show the presence of the oxides of Si and Al at the surface. In the 
case of Al species, the possibility of forming volatile Al2O needs to be considered. At the testing 
temperature (~2300K), with Al2O3 vapor pressure being close to 10
-3 atm [34], the oxygen partial 
pressure needed for formation of Al2O is less than 10
-11.8 atm. The oxygen partial pressure at ZrB2-
ZrO2 interface at 2300K based on figure 4.3 is 10
-10.43 atm. Hence, thermodynamically Al2O3 
would form instead of Al2O (the formation of some Al2O is also possible due to uncertainties in 
temperature and other variables). Consequently, Al, Si species were retained in the sample of 
ZSA721 and ZSA631. 
The specific mass change (figure 4.9) revealed a net mass loss after cyclic tests for all 
compositions. The mass change was accompanied by oxide scale spallation, with the oxide layer 
spalling completely in ZS82 (figure 4.9, inset), possibly as a result of thermal shock and high 
stresses due to the subsonic plasma stream. Since, the entire oxide scale of ZS82 spalled off after 
the second cycle, the sample was not subjected to further cycling. Other samples showed varying 
degrees of oxide scale spallation, although none of them showed a complete spallation of the scale 
as observed in ZS82. 
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Figure 4.9. Mass change data and sample photos after each cycle of 10-minutes cyclic tests. The 
insert shows the ZS82 after two test cycles. 
Figure 4.10 shows the cross-section micrographs at the end of cyclic tests (cross-section 
micrographs pertaining to ZS82 were recorded after 2 cycles). Figure 4.10a shows the cross-
section of the face exposed to plasma heating and oxygen of ZS73 sample. It can be seen that the 
scale has spalled off in some region, while it remains intact in other regions. More importantly, an 
interfacial zone is observed in the sub-surface, underneath the regions from where the scale has 
spalled off. The cross-section microstructure of ZSA631 (figure 4.10b) differs significantly from 
that of ZS73. The outer layers of the scale are significantly more porous. The inset shows a higher 
magnification image of the interfacial region between the external oxide scale and the base alloy. 
EDS analyses in this region confirmed that presence of Al rich SiO2 (dark contrast) along with 
ZrO2 (bright contrast). ZSA631 showed the maximum mass change (and recession) during testing, 
with the sample being progressively ablated. Unlike the ZS73 sample, the external scale was not 
comprised exclusively of zirconia, with a fair amount of SiO2 being present as well. Figure 4.10c 
shows the cross-section of the ZS82 sample after 2 cycles. It can be seen that the external ZrO2 
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layer is completely missing. The inset shows the side face of the sample (not directly exposed to 
the plasma stream during testing). Clearly, the scale spalled off from the exposed face, and from a 
small region on the side of the sample. The scale was still present in the regions exposed to 
relatively lower temperature, and the scale sub-surface showed a degree of similarity with ZS73, 
albeit the volume fraction of ZrO2 is considerably higher, and the SiO2 considerably lower in 
comparison to ZS73. This is possibly due to the higher Zr content of the pristine alloy in ZS82 as 
opposed to ZS73. Figure 4.10d shows the cross-section microstructure of ZSA721. This sample 
did not show any obvious scale spallation, but the external ZrO2 region was interspersed with SiO2 
with Al containing species. The inset shows a high magnification image of the interfacial region 
between the base alloy and the oxide scale. EDS analyses revealed the interfacial chemistry to be 
a combination of silicon, aluminum, and oxygen possible a mixture of largely SiO2 and a small 
amount of Al2O3.  
 
Figure 4.10. Cross-section micrographs of samples a. ZS73, b. ZSA631, c. ZS82, d. ZSA721 
after cyclic tests (cross-section micrographs pertaining to ZS82 were recorded after 2 cycles).  
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These images provide interesting insight on the role of AlN on the oxidation behavior of 
these composites. Prior research suggests that the oxidation of AlN results in the formation of 
Al2O3, which then modifies the viscosity of the SiO2 scale [19]. The viscosity of SiO2 decreases 
with the addition of Al2O3, with a sharp drop being apparent for a small addition of Al2O3 [35]. 
Lower viscosity results in faster scale coverage. Glassy Al2O3 modified SiO2 presented on the 
surface and provided the main oxidation resistant for this material at 1600°C. However, surface 
SiO2, if exposed to high temperatures (~ 2000°C) and low pressures (100 Torr air), decomposes to 
form volatile SiO. On the other hand, ZrB2 oxidizes to form ZrO2 and B2O3. The ZrO2 being 
formed is not a dense continuous layer; and B2O3 is readily volatilized, as a result, plenty of pores 
and diffusion paths are available for the oxygen to reach the interior of the alloy. ZrO2 is well-
suited to act as a thermal barrier [36]. However, pure ZrO2 has the poor thermal shock resistance 
and adhesion with the underlying base alloy, possibly due to the large mismatch in coefficient of 
thermal expansion (6.8 × 10-6 K-1 (RT to 1073K) for ZrB2 [37] and 10.8 × 10
-6 K-1 for ZrO2 [38]). 
The reversible transformation from high temperature tetragonal structure to monoclinic structure 
in ZrO2 is associated with a volume increase with the volume strain of 4.7% at room temperature 
[39]. These account for the scale spallation observed in ZS82, which has the highest ZrB2 content 
(and hence the highest ZrO2 content upon oxidation). At this stage, it is apparent that the scale is 
essentially multilayered, which is in agreement with literature [8, 21]. Different from oxidized at 
1600°C, where the SiO2 appeared on the surface, the external layer of the scale is dominated by 
ZrO2, although for higher SiC containing composites, some SiO2 can form as well. The SiO2 
however is not stable at elevated temperatures and low PO2 [8, 21]. Underneath the ZrO2 layer, a 
Si depleted region can be observed (samples without AlN have a well-defined Si depleted region). 
This is followed by an interfacial region consisting of SiO2 (modified with Al, for samples 
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containing AlN). Such a layered structure provides a rationale for designing the UHTC chemistry. 
The structure of the scale is somewhat analogous to that of a superalloy with a thermal barrier 
coating. The amount of ZrB2 should be high enough to form a near exclusive external ZrO2 scale. 
The external ZrO2 acts as the thermal barrier, since ZrO2 has a relatively low thermal conductivity 
(~ 2.2 Wm-1K-1 [40]). This thermal barrier protects the underlying material from high temperature 
damage. The interfacial region between the base alloy and the external scale functions similar to 
the thermally grown oxide, imparting oxidative stability to the underlying material. Furthermore, 
columnar zirconia grains are “glued” together if the interfacial chemistry is appropriate. Pure SiO2 
crystallizes at ultra-high temperatures. If crystalline SiO2 is present at the base of the columnar 
ZrO2, the damage tolerance will be relatively poor. On the other hand, a glassy layer of Al2O3 
modified SiO2 with relatively low viscosity will better accommodate the stresses during thermal 
cycling. Hence, a proper balance of ZrB2, SiC and AlN is essential for designing a damage tolerant 
robust UHTC. ZS82 suffered during cyclic tests due to the presence of excessive ZrO2, and not 
enough strain tolerant glassy interfacial layer to accommodate the thermal stresses. To a lesser 
extent, similar issues occurred with ZS73 (relatively lower ZrO2 content somewhat mitigated the 
susceptibility to cyclic damage with respective to ZS82). ZSA631 had a significant Al2O3 modified 
SiO2 at the interface, but lacked a near exclusive ZrO2 scale. In absence of an adequate “thermal 
barrier”, the oxide scale was partially ablated. ZSA721 performed better under cyclic conditions 
since a relatively high ZrB2 content ensured a ZrO2 rich external scale, while a high Al:Si ratio, 
with sufficient SiC ensured the presence of a Al-Si-O interlayer anchoring the external columnar 
ZrO2 grains. 
83 
 
 
4.6 Conclusion  
A thermal plasma spray facility was adapted for ultra-high temperature cyclic oxidation 
tests. A series of tests were carried out in ZrB2-SiC composites with and without AlN additions 
for multiple cycles. A significant difference was observed in the performance of the materials 
compared to lower temperatures [19]. The volatility diagram and vapor pressure plot explained the 
relative advantages of having a Al2O3 rich scale with relatively lower amounts of SiC at elevated 
temperatures and low PO2. Furthermore, prior work on viscosity of Al2O3-SiO2 melts shed light on 
the oxidation mechanism.  Thermal shock, high temperature oxidation and erosion were found to 
be the most critical damaging factors for these materials under such testing conditions. Results 
indicated that provided adequate ZrB2 is present, the material performance can be improved by 
controlling the Al:Si ratio.  
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5.1 Abstract 
The transient oxidation behavior of Mo70Si15B15 and Mo55W15Si15B15 was studied at 1100 
and 1400 °C. Substituting Mo with W resulted in the destabilization of the Mo3Si A15 phase and 
the three phase microstructure comprising of a (Mo,W) solid solution, (Mo,W)5Si3 T1 phase and 
(Mo,W)5SiB2 T2 phase was observed. The W substituted alloy shows an improved scale coverage 
at 1400°C, with WO3 being evaporated significantly during the early stages of oxidation. A 
comparison of the oxidation behavior of sintered and cast alloys revealed that finer microstructures 
lead to faster oxide scale coverage in the initial stages, and hence is likely to result in improved 
oxidation resistance. 
 
Keywords: silicides, transient oxidation, borosilica, Mo-Si-B 
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5.2 Introduction 
Research in high temperature materials has been driven by an ever increasing need for 
elevated operating temperatures and environmental stability. While Ni-based superalloys have 
been used extensively in the latter half of 20th century, these alloys are gradually reaching a limit 
due to the melting temperatures of the Ni3Al phase, as well as a variety of other relatively low 
melting topologically close packed phases [1]. Therefore, there have been attempts to explore silica 
formers as possible candidates for some of the structural applications [2-5]. Mo-Si-B alloys have 
been limited by the challenges posed by the phase diagram. Alloys in the Mo-T2-A15 phase field 
show excellent fracture toughness while alloys in the intermetallic rich regions show good 
oxidation resistance [6]. Ideally, an alloy comprising of a Mo rich phase, the T1 phase and the T2 
phase will offer a combination of excellent fracture toughness due to the Mo rich solid solution [7, 
8], creep resistance due to the presence of the T1 phase [9], and oxidation resistance due to the 
presence of B doped T1 [10] as well as the T2 [11] phases. The A15 phase, which lies between the 
metal rich solid solution and the T1 phase neither affords significant oxidation resistance [11], nor 
does it impart fracture toughness, as a result of only four active slip systems at room temperature 
[12]. Therefore, it is anticipated that the removal of the deleterious A15 phase will help in forming 
the desired three phase microstructure consisting of Mo rich solid solution, the T1 phase and T2 
phase.  
The A15 phase can be destabilized with controlled alloying additions of Nb and W, as 
demonstrated by Ray et al. [13]. The oxidation behavior of Nb modified Mo-Si-B alloys as well 
as Nb-Si-B alloys have been extensively studied by a number of researchers [14-17]. Unlike Mo, 
which oxidizes to form a volatile MoO3, oxidation of Nb results in the formation of Nb2O5. The 
Nb2O5 scale adheres to the surface and is highly porous, and this provides a continuous path for 
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oxygen. This results in a deterioration of oxidation resistance, with significantly higher metal 
recession rates than Mo-Si-B alloys [14]. While the oxidation behavior of Mo-W-Si-B alloys has 
not been thoroughly investigated, studies on the oxidation of WSi2 indicate an oxidation 
mechanism similar to MoSi2 [18, 19]. It was seen that the oxidation resistance of WSi2 
progressively deteriorates with increasing temperature. However, beyond 1300°C, this trend 
changes, and the oxidation resistance improves. At lower temperatures, WO3 was found to remain 
entrapped in the silica scale. The scale discontinuity provided short circuit diffusion paths for the 
oxygen resulting in poor oxidation resistance. However, as the temperature increased, WO3, which 
forms during the oxidation of W, volatilized. Thus, the SiO2 scale was able to cover the surface 
completely, resulting in improved oxidation resistance. Therefore, it is likely that W additions will 
not result in a significant deterioration in the oxidation behavior of Mo-Si-B alloys, while at the 
same time destabilizing the A15 phase to yield a more mechanically resilient alloy. In this paper, 
we focus on the transient oxidation behavior of W substituted Mo-Si-B alloy at two different 
temperatures. 
5.3 Experimental Procedures 
Mo-Si-B alloys with and without W substitutions corresponding to nominal compositions 
Mo70Si15B15 (W0) and Mo55W15Si15B15 (W15) were synthesized by solid state sintering and drop-
casting. The sintered samples were prepared from elemental powder mixtures of Mo, W, Si and B 
of 99.95%, 99.9%, 99.9%, 94-96% purity and with an average particle size of ~3-7 µm, ~0.5 µm, 
~1-5 µm, ~5 µm, respectively. Powders were mixed with binder (QPAC40, polypropylene 
carbonate) in methyl ethyl ketone (MEK) in a high density polyethylene jar using WC milling 
media for 24 hours at 60rpm using roller mill (Cole-Parmer Lab mill 8000, Vernon Hills, IL). The 
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amount of WC picked up by the batched powders as a result of ball milling was calculated less 
than 0.1% based on the weight change of WC milling media before and after milling. After wet 
milling, the slurry was dried using roto-evaporation. The dried powder was ground and sieved 
(through ~300 µm) to form granules for dry pressing. Cylindrical coupons were dry pressed 
uniaxially, followed by cold isostatic pressing at 45 ksi (~310 MPa). The binder was removed by 
heating the pellets to 600°C for 2 hours in flowing argon atmosphere prior to sintering. All the 
samples were sintered at W resistance furnace (Centorr M60, Centorr Technologies) in an 
atmosphere of flowing ultra-high purity argon at 1925°C for 6 hours in tantalum sample holders. 
The cast samples were prepared from pure elemental chips (Alfa Aesar, +99.5%) by arc-melting 
on a water cooled copper hearth in an inert argon atmosphere. The alloy buttons were re-melted a 
minimum of four times in order to ensure adequate homogeneity. The arc-melted buttons were 
then drop-cast in a cylindrical Cu mold to yield rods with 10mm diameter. The drop-cast rods were 
annealed in an inert atmosphere using ultra-high purity argon in a W resistance furnace at 1850°C 
for 10 hours. Oxidation coupons were sectioned from these rods by electro-discharge machining.  
Transient oxidation tests were performed for sintered and cast samples in a tube furnace at 
1100 and 1400°C using ambient air. The samples were oxidized for a pre-determined time interval, 
following which they were studied using x-ray diffraction (XRD) and scanning electron 
microscopy (SEM). All the SEM studies were focused on representative well-defined areas of the 
sample in order to track the oxidation induced microstructural changes. The XRD studies were 
carried out using a Philips PANalytical diffractometer equipped with a double bent graphite 
monochromator, Cu KαI radiation using a Bragg-Brentano geometry. The SEM studies and 
corresponding energy dispersive spectroscopy (EDS) analyses were carried out using a FEI 
Quanta-250 microscope equipped with the Oxford Aztec microanalysis system. 
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5.4 Results and Discussion 
 
Figure 5.1. Phase analysis of drop-cast and sintered alloys. (a) XRD pattern from sintered W0 
and W15 alloys; (b) drop-cast W0 alloy; (c) W0 sintered alloy; (d) W15 drop-cast alloy and (e) 
W15 sintered alloy. 
X-ray diffraction patterns from the sintered alloys are shown in figure 5.1(a). It can be seen 
that substitution of Mo with W results in the removal of A15 phase. As the A15 phase gets 
destabilized, the metal-rich solid solution phase and the T1 (Mo,W)5Si3 forms instead. W 
substitution doesn’t result in any significant shift in the lattice parameters since Mo and W have 
similar atomic radii [20]. Figure 5.1(b) shows the microstructure of the cast Mo-Si-B alloy. The 
three phases present are the metal rich phase (bright contrast), the A15 phase (gray contrast) and 
the Mo5SiB2 T2 phase (dark contrast). The composition under consideration lies in a region where 
the primary solidifying phase is the T2 phase. Following the solidification of the T2 phase, the 
remaining liquid solidifies as a ternary eutectic, with A15 matrix and Moss and T2 features being 
present as well, as can be seen in the inset in figure 5.1(b). Such a solidification pathway has been 
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reported in the literature for similar composition by Nunes et al. [21]. Figure 5.1(c) shows the 
micrograph of the sintered alloy. Elevated temperature during sintering (1900°C) and extended 
dwell times (6 hours) results in significant grain growth, resulting in a significantly coarser Mo 
rich features, although the size of the T2 features are somewhat comparable. A15 is present in a 
significant amount throughout the microstructure, as was the case with cast alloys. Substitution of 
Mo with W in the cast alloy results in the microstructure seen in figure 5.1(d). The metal-rich solid 
solution forms dendrites exhibiting a bright contrast. A15 phase was not observed in this case. The 
M5SiB2 T2 phase (M = Mo,W) exhibits a gray contrast, while the T1 M5Si3 phase shows a dark 
contrast. This happens since the W partitions preferentially in the T2 phase as opposed to the T1 
phase, making it appear brighter than T2 due to the higher Z contrast of W. The data available on 
the thermodynamics of borides and silicides of Mo and W provides an insight on the partitioning 
of W. The formation enthalpies of borides of Mo and W are quite similar [22, 23]. The Mo-Si 
interactions, however, are stronger than the W-Si interactions [24, 25]. Therefore, the partitioning 
is driven by increasing Mo-Si bonds at the expense of W-Si bonds. The T1 phase has a higher M-
Si bonds. Consequently, relatively small amount of W partitions in the T1 phase, with most of the 
W partitioning into the solid solution and the T2 phase. A comparison of figure 5.1(b) and (d) 
indicates that the primary solidifying phase in the two alloys under investigation is different. We 
are not aware of liquidus projections in a quaternary Mo-W-Si-B system or indeed in the ternary 
W-Si-B system. However, the microstructures indicate that the (Mo,W) solid solution solidifies 
dendritically, and is the primary solidifying phase. This is followed by the solidification of the 
remaining liquid. The Nb-Si-B system exhibits similar phase fields as well [26]. The presence of 
a ternary eutectic comprising of metal, T1 and T2 has been reported in the Nb-Si-B system. This 
mirrors our observations as well, in figure 5.1(d). However, the large difference in the melting 
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temperatures of W and Nb is likely to cause a shift in the actual liquidus projection. Figure 5.1(e) 
shows the microstructures of the sintered Mo-W-Si-B alloys. A prominent coarsening of the grain 
size can be observed. The significant enrichment of metal rich solid solution in comparison to the 
unsubstituted alloys is obvious. Destabilization of the A15 leads to the formation of metal rich 
solid solution and the T1 phase according to the reaction – 
      353 SiWMo,WMo,4SiWMo,3   (5.1) 
Consequently, as the A15 gets destabilized the metal content increases progressively. 
 
Figure 5.2. (a) BSE image of the W0 surface prior to oxidation; (b) BSE image of the surface 
after 2 minutes of oxidation at 1100°C; (c) SE image of the W0 surface prior to oxidation; (d) SE 
image of the surface after 2 minutes of oxidation at 1100°C. 
Surface microstructures of the cast Mo-Si-B alloy before and after oxidation at 1100°C for 
2 minutes are shown in figure 5.2. This alloy consists of three phases – the T2 phase in the A15 
matrix with Mo lamellae dispersed throughout the A15 matrix. The BSE images show a clear 
change in the contrast after oxidation. The bright Mo lamellae disappear, even as the T2 phase 
starts exhibiting a brighter contrast. The corresponding SE images provide information on the 
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changes in surface topography. The Mo lamellae have been removed almost completely from the 
surface (due to the formation and subsequent evaporation of (MoO3)3, resulting in the formation 
of pores. Similarly, a significant amount of material appears to have been lost from the T2 region. 
This is largely due to the evaporation of (MoO3)3; however, lower partial pressures in the 
subsurface results in the formation of MoO2, which results in the bright Z contrast seen in figure 
5.2(b). The A15 matrix oxidizes to form (MoO3)3, which evaporates, and a silica layer that covers 
the surface. Rioult et al. have also reported the rapid formation of a silica layer on the A15 phase 
[11]. However, they also demonstrated that this layer is highly porous, and hence does not 
ultimately lead to a protective scale.  
 
Figure 5.3. Surface microstructure evolution during the oxidation of the W15 alloy. (a) BSE 
image of the surface prior to oxidation; (b) BSE image after 1 minute of oxidation; (c) BSE 
image after 2 minutes of oxidation; (d) SE image of the surface prior to oxidation; (e) SE image 
of the surface after 1 minute of oxidation and (f) SE image of the surface after 2 minutes of 
oxidation. 
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The surface microstructures of the cast Mo-W-Si-B alloy at different stages of oxidation 
are shown in figure 5.3. It can be seen that the W modified alloy exhibits significant differences in 
oxidation behavior. The W modified T2 phase doesn’t show surface relief similar to figure 5.2(d). 
This is largely due to the presence of WO3 on the surface. While Mo gets evaporated in the form 
of a trioxide, the vapor pressure of WO3 is much lower. Consequently, WO3 stays on the surface. 
Therefore, instead of a subsurface dioxide and silica, one can observe WO3 embedded in the glassy 
silica on the T2 phase. Similarly, lack of WO3 evaporation leads to the presence of the trioxide on 
the metal rich regions of the alloy. The T1 phase behaves somewhat similar to the T1 phase in the 
Mo-Si-B alloy studied by Meyer et al. [27]. A dense SiO2 layer, in which the subsurface oxidation 
is dominated by oxygen diffusion doesn’t form until the later stages of oxidation. During the 
transient stage, T1 oxidizes to form MoO3 (and WO3) along with SiO2. W content is minimal in 
T1, with most of the W preferentially partitioning in metal rich solid solution and the T2 phase. 
Hence, there is a similarity between the oxidation behavior of the T1 phase in the Mo-W-Si-B 
alloy and that of the T1 phase in the alloys studied by Meyer et al. [27].  
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Figure 5.4. Surface microstructures before and after oxidation of sintered alloys. (a) W0 alloy, 
prior to oxidation; (b) W0 after 2 minutes of oxidation; (c) W15 alloy prior to oxidation and (d) 
W15 alloy after two minutes of oxidation. Inset shows the formation of a glassy layer during the 
oxidation process.  
The microstructures of the sintered alloys before and after oxidation are show in figure 5.4. 
The sintered alloys have a coarser grain structure. Hence, it is difficult for a glassy borosilicate 
layer to cover the coarser Mo rich grains. In a number of ways though, the oxidation of sintered 
alloys mirror the oxidation of cast alloys. The A15 phase in the sintered W0 forms the silica scale, 
similar to cast alloys. The Mo rich grains evaporate during oxidation, while the T2 grains oxidize 
to form MoO3 which is evaporated, and MoO2 in the subsurface region. Similarly, the oxidation 
behavior of the sintered W15 alloy resembles the cast alloy as well. However, with larger T1 
features being present, one can observed the formation of WO3 embedded in the glassy silica scale 
on the T1 phase. The inset in figure 4(d) in fact shows the formation of a glassy liquid like structure, 
which was identified to be SiO2 using the EDS. The results seen in figures 5.2-5.4 is further 
corroborated by the x-ray diffraction patterns from the oxidized surface, shown in figure 5.5. The 
x-ray diffraction patterns from oxidized sintered and cast alloys were fairly similar. Hence, we 
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present only one set of results, i.e. from the sintered alloys. The key difference in the x-ray 
diffraction pattern is reflected in the presence of high intensity peaks in the low angle regime, 
corresponding to WO3 in case of the W15 alloy. The trioxide peaks were found to be completely 
absent in the W0 alloy.  
 
Figure 5.5. X-Ray diffraction patterns from the surface of sintered W0 and W15 alloys after 2 
minutes of oxidation at 1100°C  
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Figure 5.6. Surface microstructure evolution during the oxidation of cast W0 alloys at 1400°C. 
The evolution of the surface during oxidation of a cast W0 alloy at 1400°C is shown in 
figure 5.6. Oxidation kinetics at 1400°C is appreciably higher in comparison to 1100°C. 
Consequently, the metal rich features oxidize faster, with greater MoO3 evaporation. This leads to 
the formation of silica ridges in the microstructure. The SiO2 ridges arise primarily due to the 
oxidation of the A15 phase. It can be seen that as the alloy oxidizes, just after 10 seconds there is 
a significant change in the Z contrast. The unoxidized alloy shows a three phase feature, with the 
A15 showing a brighter contrast than the T2 phase. After 10 seconds this difference in Z contrast 
switches, with the T2 grains showing up brighter, indicating a rapid oxidation of the A15 resulting 
in the formation of SiO2 layer on top. The corresponding SE images indicate the ridging that begins 
to appear at this stage, and becomes more and more pronounced with time. The ridges start 
becoming prominent after 30 seconds of oxidation due to the evaporation of the Mo rich lamellae 
from the eutectic. Concurrently, a high Z contrast starts appearing in the T2 grains, which 
corresponds to the formation of MoO2. However, after 60 seconds of oxidation, the rather uniform 
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MoO2 changes into a relatively granular structure, with the borosilicate scale slowly developing to 
cover the grain. 
 
Figure 5.7: Surface microstructure evolution during the oxidation of cast W15 alloy at 1400°C 
The microstructure evolution of a cast W15 alloy during oxidation at 1400°C is shown in 
figure 5.7. Once again, the difference in oxidation behavior is governed by the difference in vapor 
pressures of (MoO3)3 and (WO3)3. This can be understood by studying the topographic contrast in 
the secondary images, and comparing them with the W0 alloy. After 10 seconds of oxidation, these 
changes are fairly visible. The T1 grains, containing relatively smaller amounts of W recede faster, 
while the WO3 formed during the oxidation of T2 and the (Mo,W) solid solution persist initially 
on the surface, imparting a “higher” topographic relief. With time, however, the WO3 starts 
evaporating. The large metal rich features still have a significant amount of (Mo,W) in the grain, 
and exhibit elevated relief. The changes in the T2 grains are, however, quite significant. The 
relatively small amount of W in comparison to the (Mo,W) solid solution, coupled with higher Si 
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and B content results in the formation of a hermetic silica rich scale even as the WO3 evaporates, 
and this is reflected clearly in the BSE images (change in Z contrast, with the grains appearing 
darker due to enhanced silica formation).  
 
Figure 5.8. Surface microstructure evolution during the oxidation of sintered alloys at 1400°C. 
(a) Microstructure of sintered W0 alloy prior to oxidation; (b) microstructure of W0 after 30 
seconds of oxidation; (c) microstructure of W0 after 1 minute of oxidation; (d) surface 
micrograph of W15 prior to oxidation; (e) microstructure of sintered W15 after 30 seconds of 
oxidation and (f) microstructure of sintered W15 after 1 minute of oxidation 
Figure 5.8 shows a comparison of the oxidation behavior of the sintered W0 and W15 
alloys at 1400°C. The coarser grain structure of the sintered alloys amplifies the differences 
between the oxidation behaviors of the various phases. The A15 phase forms the silica scale, but 
this scale doesn’t flow well enough to cover the pores created by the evaporation of MoO3, 
primarily due to the larger length scales the oxide needs to flow seal the surface (figure 5.8b). The 
presence of the MoO2 is also reflected in the T2 phase after 30 seconds of oxidation. The MoO2 
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still persists after 1 minute of oxidation, but the borosilica scale formed during the oxidation of the 
T2 phase starts covering the subsurface MoO2 to a greater extent (figure 5.8c). The BSE 
micrographs also indicate the formation of silica at the regions underneath the metal grains, after 
1 minute of oxidation, once the metal grain has been completely evaporated. The oxidation of the 
sintered W15 alloy shows some resemblance to the cast alloys. However, one can observe a subtle 
difference in the oxidation behavior, induced by coarser length scales of the sintered sample. The 
T1 oxidizes to form near exclusive silica scale. Oxidation of T2 results in the formation of a silica 
rich scale as well, but the scale is interrupted by the presence of WO3. The metal rich grains are 
almost completely covered with WO3 (figure 5.8e). The granular WO3 features allow oxygen 
pathways to the underlying alloy. Si rich phases underneath the metal rich grains provide a supply 
of Si to form SiO2, but this can’t adequately seal the surface unless the WO3 evaporates. The WO3 
indeed does evaporate, as a careful examination of the T2 grains in figure 8f would show, but the 
rate of evaporation is much slower compared to MoO3, as indicated in figure 5.9.  
 
Figure 5.9. Vapor pressure of the volatile species as a function of temperature. 
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The SiO2 scale is responsible for the oxidation resistance of these alloys. The glassy silica 
layer needs to flow, especially over the metal rich regions in order to hermetically seal the surface. 
Evaporation of the metal oxides abets this process. Therefore, the oxidation behavior is dominated 
by two factors – (a) rate at which the metal oxides form and evaporate, which is a strong function 
of temperature and alloy chemistry, as well as (b) the length scales over which the glassy scale 
needs to flow in order to attain complete surface coverage.  
5.5 Conclusions 
We studied the effect of W additions on the microstructures and the evolution of the surface 
oxide scale of Mo-Si-B alloys prepared by solid state sintering and drop-casting at 1100°C and 
1400°C. The Mo-Si-B alloy was found to be composed of three phases – A15, Mo solid solution 
and T2. Addition of 15 atom% W resulted in the destabilization of the A15 phase, with the Mo-
W-Si-B alloy being comprised of (Mo,W) solid solution, (Mo,W)5Si3 T1 phase and the 
(Mo,W)5SiB2 T2 phase. The synthesis technique adopted had a significant effect on the alloy 
microstructure. Sintered alloys showed larger grains, while drop-cast alloys comprised of dendritic 
structures and fine eutectic lamellae exhibited a relatively finer microstructure. Accelerated 
oxidation was observed at elevated temperatures. The surface coverage by a glassy scale was 
influenced by the presence of refractory metal oxides on the surface. While (MoO3)3 volatilized at 
both the temperatures, (WO3)3 volatilized significantly at 1400°C, but not at 1100°C. 
Consequently, the formation of a protective glassy scale is facilitated in W containing alloys at 
higher temperatures. The microstructures of the alloys were also found to influence the oxidation 
behavior significantly. Finer length scales were more amenable to faster surface coverage by the 
oxide scale as opposed to coarse-grained material. This effect was more pronounced at the lower 
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temperature (1100°C), where the kinetics of scale coverage is relatively sluggish, for the Mo-Si-B 
alloy. Finer length scales were favored in terms of scale coverage for W containing alloys as well. 
However, the presence of WO3 at 1100°C impedes coverage of the surface by the glassy 
borosilicate. Absence of WO3 at 1400°C removed this impediment, and the effect of length scale 
on the oxidation behavior was even more pronounced. Thus, the oxidation behavior of the W 
substituted alloy improved with an increase in temperature. 
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CHAPTER 6. CONCLUSIONS 
6.1 Need for new UHTCs 
Ultra-high temperature ceramics (UHTC) are refractory materials that offer stability at 
temperatures in the 1500°C to 2000°C range and above. The potential application of UHTCs 
includes refractory linings, heating elements, plasma-arc electrodes and turbine blades. Their 
unique properties also make them attractive for thermal protective structures for leading edges of 
hypersonic vehicles. The most widely studied UHTCs are ZrB2-SiC and Mo-Si-B material 
systems. The high melting temperature of zirconium and molybdenum based phases and high 
oxidation resistance of silicon and boron containing species make them suitable UHTC materials. 
Additional properties of low densities and higher thermal conductivity of ZrB2 and high fracture 
toughness offered by molybdenum also makes the two material system stands out in the UHTC 
family. However, oxidation resistance at high temperatures still remains a major challenge for 
these two UHTCs.   
This research focuses on oxidation resistance study of these two UHTCs by tuning scale 
viscosity and alloy microstructure. Viscosity effect is important for materials whose metal oxide 
is stable and remains in the scale as in ZrB2-SiC system. AlN addition on oxidation behavior of 
ZrB2-SiC is thus studied, since oxide from AlN was known to greatly affect silica scale viscosity. 
Microstructure effect becomes important where the metal oxide is significantly evaporating from 
the silica rich surface as in Mo-Si-B system. Mo-Si-B as well as W added Mo-Si-B was studied in 
this research with the focus on microstructure effect. In Mo-Si-B system, Mo offers adequate 
toughness, T1 offers creep resistance, T2 offers oxidation resistance. Detrimental A15 existed 
between these three phases and its presence is unavoidable in Mo-Si-B phase field. W addition 
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destabilizes A15 phase, thus opens the phases field to Mo-T1-T2 equilibrium. Whether W addition 
can modify the phase fields without adversely affecting the oxidation is also of great important in 
Mo-W-Si-B system.  
6.2 Conclusion on oxidation of zirconium diboride based UHTC 
The oxidation study was carried out at 1600°C and the oxide scale thickness was compared 
to evaluate the oxidation behavior. In chapter 2, ZrB2-30vol%SiC was used as a baseline 
composition, with 10vol%AlN substituting either ZrB2 or SiC. AlN substitution for ZrB2 resulted 
in an enhanced oxidation resistance with a thinner scale while AlN substitution for SiC led to 
severe oxidation. Al was present in minor quantities on the oxidized AlN substituted sample 
surfaces (possibly present as Al2O3) as evidenced by XPS results. When substituting for ZrB2, the 
presence of Al2O3 after oxidation resulted in a protective SiO2 rich layer covering the surface. 
When substituting for SiC, limited Si supply resulted in heavier oxidation. This chapter showed 
that a proper Al to Si ratio can result in improvement in oxidation resistance by changing the scale 
viscosity. But sufficient Si is needed to form protective silica rich scale.  
Based on the results from chapter 2, chapter 3 dealt with oxidation behavior of ZrB2 with 
fixed SiC content (30vol%) and varying amount of AlN substitution. It was found that low AlN 
substitutions (5%, 10%) resulted in enhanced oxidation resistance with thinner scales, while high 
AlN substitution (15%) resulted in severe oxidation with excessive ZrO2 dissolved in a thick scale. 
The coarsening of ZrO2 with increasing AlN content observed on scale surface also provides a 
qualitative measure of the viscosity reduction. Lower viscosity scale has enhanced flow 
characteristic for better surface coverage, but excessive viscosity reduction would allow for rapid 
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oxygen permeation through the glassy scale. Since Al2O3 greatly affects the scale viscosity at 1600 
°C, the AlN level should keep below ~ 10-15vol%.  
1600°C study showed that the oxidation behavior is significantly affected by silica rich 
scale viscosity, and suggested enhanced oxidation resistance of ZrB2-SiC by minor AlN addition. 
To evaluate ZrB2-SiC-AlN for hypersonic vehicle application, material behavior in ultra-high 
temperature and low PO2 is required. Chapter 3 further evaluated the oxidation behavior of AlN 
substituted ZrB2-SiC at 2000°C in 21 Torr PO2 using plasma heating. In this testing condition, the 
samples exhibited a considerably different behavior compared to the ones tested at lower 
temperature (1600°C) in static air. A continuous protective silica scale was not observed on the 
surface due to active oxidation of SiC and subsequent loss in form of SiO. High SiC content was 
found to be detrimental as its increased interconnectivity and active oxidation caused higher degree 
of sub-surface porosity which abets rapid oxygen permeation. The external ZrO2 scale served as a 
thermal barrier. Hence the presence of adequate volume of ZrB2 for forming a continuous ZrO2 
layer is essential. However, ZrO2 suffers from thermal shock and poor surface adhesion possibly 
due to its CTE mismatch between ZrB2. Between the oxides and the base alloy, an interfacial 
region was observed consisting of SiO2 (modified with Al, for samples containing AlN). The 
presence of this relatively low viscosity layer helps accommodate the thermal strains in ZrO2, 
thereby preventing its spallation during thermal cycling.   
6.3 Conclusion on oxidation of molybdenum based UHTC 
Chapter 5 presented the oxidation studies on Mo-Si-B and Mo-W-Si-B system at 1100°C 
and 1400°C. The surface oxide scales was characterized by tracking the exact same area on the 
sample surface by SEM after several oxidation time intervals. Two sets of samples with significant 
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different microstructure sizes were made by drop casting and pressureless sintering. Surface 
coverage was found significantly dependent on microstructure length scales. Faster surface 
coverage was attained on samples with finer microstructures. The length scale that newly formed 
boro-silica needs to flow is less in samples with finer microstructures, thereby resulting in a faster 
scale coverage and better oxidation resistance. W addition was found successfully destabilized 
A15 phase and resulted in Mo-T1-T2 phase equilibrium. W added samples showed compared 
oxidation resistance to W free samples at 1400°C, although it processed lower oxidation resistance 
at lower temperature (1100°C). It is plausible that the slow vaporization of (WO3)3 compared to 
(MoO3)3 at 1100° due to its low vapor pressure impeded the silica scale coverage. At 1400°C, the 
vapor pressure of (WO3)3 significantly increases. Consequently, fast evaporation of W species 
allowed for better surface scale coverage compared to 1100°C.  
6.4 Key conclusions and recommended UHTC design rationale 
At temperatures ≤ 1600°C, the oxidation resistance is offered by silica scale. Oxidation 
resistance of UTHC at this temperature region is greatly affected by viscosity, the amount of silica, 
the surface oxide and starting microstructure size scale. Tuning the viscosity of the scale is an 
effective route of altering the oxidation behavior. Lower scale viscosity allows better surface 
coverage but at the same time allows for faster oxygen diffusion. Improved oxidation resistance 
can be achieved by balancing between these two metrics. Finer microstructure size scale is also 
recommended for better oxidation resistance as it also allows for faster silica surface coverage.  
At extreme environment (2000°C, low PO2) when the protection from silica is not present, 
the oxidation of UHTC showed analogy to existing thermal barrier system. Design metric similar 
to thermal barrier system is thus suggested. This design metric calls for a thermal barrier layer and 
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a thermally grown oxide interlayer. Formation of sufficient amount of surface stable oxide is 
crucial, as it provides structure integrity to the thermal barrier layer and protected the underlying 
layers from high temperature damage. In-situ formation of interlayer between the surface oxides 
and the base alloy is of paramount importance since it can accommodate thermal strains.   
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APPENDIX. PRESSURELESS SINTERING OF Mo-Si-B ALLOYS WITH Fe ADDITIVE 
(A paper in preparation) 
Gaoyuan Ouyang, Pratik K Ray, Matthew J Kramer, Mufit Akinc* 
Department of Material Science and Engineering, Iowa State University, Ames, IA 50011  
Division of Materials Science and Engineering, Ames Laboratory, Ames, IA 50011 
A1. Abstract 
The sintering behavior of Mo-Si-B with Fe as a sintering additive was investigated. The addition 
of small amounts of Fe effectively enhanced the densification of Mo-Si-B at temperatures below 
1900 °C. The addition of 5 at% Fe resulted in nearly full densification (97.0 % of theoretical) when 
sintered at 1750 °C for 2 h, while the unmodified Mo-Si-B alloy could be densified to only 66.8 
% of its theoretical density under these conditions. Addition of 0.5 at% Fe and 2 at% Fe increased 
the degree of densification of Mo-Si-B by 15.4 % and 17.0 % respectively, and led to nearly full 
densification at 1900 °C and 1850 °C, respectively. A continuous, Fe containing liquid was formed 
at low temperatures and disappeared at high temperatures. We propose that the addition of Fe led 
to the formation of a transient liquid, facilitating liquid phase sintering of the powder compacts. 
Keywords: Liquid-phase sintering, pressureless sintering, transition metal silicides, Mo-Si-B 
A2. Introduction 
Higher operating temperatures result in increased efficiency of gas turbines. Currently, 
nickel based superalloys are widely used in gas turbines. Nickel has an FCC structure from room 
temperature up to its melting point, and it is both tough and ductile. Additionally, its low diffusion 
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coefficient results in excellent creep resistance [1]. However, the service temperatures of Nickel 
based superalloys are lower than 1050 °C (in the absence of thermal barrier coatings or active 
cooling systems) [1], because of the presence of low melting phases. For higher service 
temperatures, Brewer et al. [2] suggested use of molybdenum silicides as early as 1950. These 
materials stand out because of their high melting temperatures (above 2000 °C), and their ability 
to form a protective silica glass at high temperatures. Among these materials, MoSi2 has been 
studied extensively and reviewed by Yao et al. [3]. It proved to be a good candidate as a high 
temperature structural material because of its high melting point (2050 °C), good oxidation 
resistance at elevated temperatures, and moderate density (6.24 g cm-3). However, its application 
is limited by low creep strength at high temperatures, pesting oxidation below 1000 °C, and poor 
fracture toughness. Akinc et al.  explored the doping of boron in Mo5Si3 intermetallic [4]. A 
significant improvement in oxidation resistance and creep resistance was reported when boron was 
added. Recent efforts focus on eliminating the A15 (Mo3Si) phase by alloying additions [5], thus 
opening up a Mo-Mo5SiB2-Mo5Si3 phase field. Both Nb [6] and W [7] were found to be suitable. 
Moreover, W additions likely to further increase the melting temperatures of Mo-Si-B alloys. 
Densification of Mo-Si-B composites is difficult because of their high melting 
temperatures. In most studies, Mo-Si-B composites were synthesized by arc melting of the 
elemental components [8]. However, as Rioult et al. [9] demonstrated, arc melting cannot produce 
homogenous microstructures because of the differential cooling rates involved. Microstructural 
inhomogeneity is exacerbated when larger parts are cast. Furthermore, microstructural features 
were seen to have a strong effect on the oxidation behavior, with finer-grained materials exhibiting 
a better oxidation resistance in comparison to their coarser grained counterparts. Mo-Si-B 
composites were sintered to nearly full density (about 95 % or higher) by hot pressing or 
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pressureless sintering [5, 10]. However, this approach requires either very high pressures or very 
high temperatures and the densification depends heavily on the compositions with metal rich 
composition tend to have higher densification. Middlemas and Cochran [11] developed a Nitride-
based reaction sintering route that achieved 94 % theoretical density at 1600 °C by pressureless 
reactive-sintering. Although the sintering temperature was significantly lowered by this process, 
it was limited Mo, Mo3Si, Mo5SiB2 phase field in the Mo-Si-B ternary. Most notably, the 
generation of N2 gas according to the nitride-based chemical reaction made 100 % densification 
impossible. In fact, further hipping was required and reported to achieve full densification. 
Pressureless sintering is simpler and less expensive than hot pressing because it does not require a 
complex pressure apparatus and the process is capable of synthesizing near net-shaped 
components, eliminating the cost of mechanical machining after densification. However, solid 
state pressureless sintering requires small particle sizes and high sintering temperatures.  
The sintering temperature may be reduced by the choice of an appropriate sintering aid. 
The purpose of sintering aids is to either reduce the activation energy needed for sintering or 
increase the mass diffusion rate. In this study, we investigated the efficacy of Fe as a sintering aid 
for pressureless sintering of Mo-Si-B. According to Poletti and Battezzati [12], there is a ternary 
eutectic at Fe74Si8B18 composed of BCC Fe, Fe3B and Fe2Si0.4B0.6 at 1061°C in Fe-Si-B system. 
Hence, addition of Fe to Mo-Si-B is likely to facilitate liquid phase sintering at temperatures above 
the eutectic temperature; Fe addition may also enhance the oxidation resistance of Mo-Si-B. 
According to Sossaman et al. [13], the oxidation resistance of Mo-Si-B was improved when a 
small amount of Fe was added. They showed that Fe behaved like a glass modifier and enhanced 
the fluidity of the protective borosilicate scale, which resulted in protective glassy scale formation.  
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A3. Materials and Methods 
Nominal compositions of Mo-20Si-10B-xFe (x = 0, 0.5, 2, 5; all compositions are in at% 
unless noted otherwise) were chosen for this work. Elemental Mo powder (99.9 %, 3-7 μm, 
Johnson Matthey), Si powder (99.9985 % (metals basis), 1-5 μm, Alfa Aesar), B powder (99 %, 
44 μm, Cerac), Fe powder (98+%, 1-3 μm, Alfa Aesar) were properly weighed and mixed together 
in a SPEX 8000 mixer/shaker mill (SPEX SamplePrep LLC) in Argon atmosphere for 30 minutes. 
The powders were uniaxially pressed into cylindrical pellets (~12 mm diameter, ~6 mm height) by 
a Carver Laboratory Press (Model:3393, Carver Inc.). They were further compacted by cold 
isostatic pressing at 300 MPa. The green densities at this stage ranged from 67-69%. Among these, 
Fe containing samples have slightly higher green densities. The pellets were then sintered at 
different temperatures (1200 °C, 1650 °C, 1750°C, 1850 °C, 1900 °C, 1925 °C) for different 
intervals (2 to 6 h) in an atmosphere of flowing ultra-high purity argon in alumina crucibles in a 
tungsten mesh furnace (Model: M60, Centorr associate Inc.). The heating and cooling rates were 
controlled at 20 °C min-1. 
Bulk densities of the samples were measured using the Archimedes technique post 
sintering according to ASTM standard B962-13. Theoretical densities were obtained by dividing 
the total molar mass of the constituent phases (weighted according to their phase fraction) by the 
total molar volume of the phases (weighted according to their phase fraction) as shown in equation 
A1: 
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Here, 𝜌𝑡ℎ represents the theoretical density; 𝑓𝐴15 and 𝑓𝑇2 are the atomic fractions of the A15 
and T2 (Mo5SiB2) phases, respectively, as determined by lever rule in Mo-Si-B isotherm at 1600 
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°C [8];  MA15 and MT2 are the molar weights of A15 and T2; 𝜌𝐴15 and 𝜌𝑇2 are the densities of A15 
and T2. Relative densities were estimated by dividing the bulk densities by the true densities. The 
densities reported were averaged over at least three samples, and the standard deviation was found 
to be less than 1%. Microstructure analysis was carried out using a scanning electron microscope 
(SEM) (5910LV, JEOL Ltd.), which was equipped with an Energy Dispersive Spectrometer (EDS) 
(Noran Vantage, Noran Instruments, Inc.); polished sample cross-sections were used for SEM 
investigations. For chemical analysis of the phases, wavelength dispersive spectroscopy (WDS) 
(8200, JEOL Ltd.) with Mo-L, Fe-K, Si-K, and B-K lines at a 15kv accelerating voltage and a 
12nA beam current was employed. Phase analysis was carried out using a x-ray diffractometer 
(Philips PANalytical X-pert Pro, PANalytical) using Cu-Kα radiation with a double-bent 
monochromator. Samples were crushed, ground and sieved to 45 μm before collecting X-ray data. 
The X-ray data were Rietveld refined using the GSAS software [14] to obtain lattice parameters 
and phase fractions.  
A4. Results 
According to the Mo-Si-B phase diagram [8], a nominal composition of Mo-20Si-10B 
yields exclusively Mo3Si and Mo5SiB2 phases in thermodynamic equilibrium at 1600 °C. Based 
on the lever rule, the phase fractions of A15 and T2 are 0.6 and 0.4, respectively. This is consistent 
with the refined phase fractions of the sintered samples. 
Figure A1 shows the densification of the Mo-Si-B-(Fe) composites as a function of Fe 
content and sintering temperature after 2 h of sintering. In general, it can be seen that an increase 
in sintering temperature resulted in an increase in densification (the samples containing 5 % Fe 
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being the only exception). Similarly, for a given temperature, increasing Fe content improved 
densification.   
 
Figure A1. Relative sintered density of Mo-Si-B alloys as a function of Fe content at several 
sintering temperatures 
Table A1 shows the collected data as well as similar data for longer sintering periods. As 
expected, dependence of densification on sintering time is relatively weak. At lower temperatures, 
the relative density of sintered sample fell below the relative density of the green compact. This is 
probably due to the poorer packing efficiency of A15 and T2 after sintering than Mo, Si, B powder 
compacts before sintering. In addition, the theoretical density increased from 7.87 g cm-3 for the 
powder compacts to 8.83 g cm-3 for the sintered body.  
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Table A1. Relative densities of post sintered Mo-Si-B-(Fe) composites sintered at different 
temperatures and time periods.  
Fe 
amount 
(at%) 
Relative densities (%) 
1650 °C 
2 h 
1650 °C 
6 h 
1750 °C 
2 h 
1850 °C  
2 h 
1850 °C 
6 h 
1900 °C 
2 h 
1925 °C 
2 h 
0 62.6 63.7 66.8 76.5 81.0 80.2 96.6 
0.5 64.8 66.2 68.9 79.9 84.3 95.6 96.5 
2 69.4 74.4 78.1 93.5 92.4 - - 
5 92.3 92.9 97.0 89.7 87.0 - - 
 
Figure A2 shows SEM micrographs depicting the porosity level and phases present in the 
alloys. The darkest round structures are pores. Pore size and number of pores decreased with 
increasing Fe addition, indicating an increase in densification as the Fe content is increased from 
zero to 2 at%. This is probably resulted from an increase in fraction of liquid during the sintering. 
According to Fe-Si-B phase diagram [12], the eutectics occur at relatively higher Fe content. 
Therefore, the liquid was formed at Fe rich region where the initial high Fe content drove the local 
liquid composition towards the eutectics. Hence, higher Fe addition resulted in a larger liquid 
fraction during sintering. The phases visible in the micrographs are the Mo-rich solid solution, 
A15, and T2, corresponding to the bright, grey, and dark-grey features in the micrographs, 
respectively.  
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Figure A2. SEM backscattered images of Mo-Si-B-(Fe) alloys sintered at 1850 °C: (a) 0, (b) 0.5, 
(c) 2, and (d) 5 at% Fe addition. 
As can be seen in figure A2, the addition of 2 at% Fe and 5 at% Fe sintered at 1850 °C 
resulted in a significant increase in A15 and T2 grain size. The sample with 5 at% Fe addition 
exhibited large A15, T2 and Mo grains, together with discrete eutectic structures in the phase 
boundaries. WDS analysis showed that the Fe content in the Mo, A15, T2 phases was about 4 at%, 
2 at% and 2 at%, respectively. In addition, it was detected that the eutectic region contained the 
equivalent of approx. 20 at% Fe concentration. The eutectic structure was too fine to yield reliable 
quantitative values of the individual phases from WDS analysis. However, it could be inferred 
from WDS results that the addition of 5 at% Fe at sintering conditions of 1850 °C, 2 h resulted in 
higher Fe solution into the A15, T2 and Mo phases and exceeded their solubility limits (as will be 
discussed below) and the excess Fe stayed at the Mo, A15 and T2 inter-phase areas as eutectic 
phase.  
In addition to SEM and EDS analysis, X-ray diffraction (XRD) was also carried out to 
study the phases present in the alloys. As expected, A15 and T2 were the major phases. The Mo 
phase was present in very small amounts in the 0 at% Fe and 0.5 at% Fe samples, possibly because 
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of the limited mass transportation rate during solid state sintering, which left a small amount of 
Mo unreacted. As the Fe content was further increased (2 and 5 at%), the Mo peaks disappeared. 
The disappearance of Mo was possibly caused by the increased Si reactivity, forming A15 and T2 
in the presence of a liquid phase. The presence of a liquid phase was also likely to increase the 
mass transportation rate during the sintering process, which in turn served to better homogenize 
the composition compared to the zero and 0.5 at% Fe samples.  
 
Figure  A3. XRD patterns of Mo-Si-B (Fe) alloys. Samples were sintered for 2 h at 1850 °C. Fe 
amounts are given in at%. 
Rietveld refinements were carried out on the XRD patterns shown in Figure A3 to better 
understand and verify the sintering mechanism. The refinement results are shown in Table A2 (the 
results for samples with 5 at% Fe addition are not shown because high wRp values were caused 
by small, unresolved peaks). The results showed a decrease in lattice parameters of the A15 and 
T2 phases (lattice parameters for the Mo phase are not shown because only very small amounts of 
Mo were present). This can also be seen in the XRD pattern in Figure A3, where T2 and A15 peaks 
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slightly shifted to higher angles. The decrease in lattice parameters was caused by the smaller 
atomic size of Fe (1.26 Å) substituting for a larger Mo (1.39 Å) atom [15].  
Table A2. Rietveld refinement results 
Fe in at% 
Wt% Lattice parameter (Å) 
Goodness 
of fit 
Mo 
(%) 
A15 
(%) 
T2 
(%) 
A15 (a) T2(a) T2(c) wRp 
0 6.4 57.0 36.6 4.8979 6.0282 11.0740 0.12 
0.5 6.3 61.5 32.2 4.8970 6.0258 11.0726 0.13 
2 0.06 64.2 35.2 4.8905 6.0142 11.0662 0.16 
 
In order to ascertain the formation of transient liquid prior to its destabilization, the Fe-free 
sample and the sample with 5 at% Fe were sintered at 1200 °C for 6 h. Post sintering SEM 
micrographs are shown in Figure A4. Hardly any densification was seen in the Fe-free sample at 
this temperature, as evident with individual particle morphology and interconnected open pore 
structure. In contrast, the sample with 5 at% Fe showed a continuous matrix (dark contrast matrix) 
in the background. This continuous matrix implied the formation of a low-viscosity liquid that 
flowed throughout the sample, which was likely to enhance the mass transportation rate during 
sintering. The EDS spectrum of this dark matrix reflected a high content in Fe, Si, B and O, which 
indicated the formation of a Fe-containing liquid phase. This Fe-containing phase probably then 
interacts with the surface oxygen of the fine starting particles and results in a Fe-Si-B-O liquid 
around the Mo containing grains.  
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Figure A4. SEM secondary images of Mo-Si-B-(Fe) alloys sintered at 1200 °C for 6 h: (a) 0 and, 
(b) 5 at% Fe addition alloy 
A5. Discussion 
According to the liquidus projection phase diagram proposed by Nunes et al. [16], Mo-Si-
B can form a eutectic consisting of Mo, A15 and T2 at the phase equilibria of interest to our 
investigation. Schneibel et al. [17] also suggested that Mo-Si-B may form a liquid at a temperature 
as low as 1927 °C. This possible liquid formation explains the sudden increase in density in Mo-
Si-B alloys sintered at 1925 °C compared to those sintered at 1900 °C. The difference between the 
experimentally measured sintering temperature of 1925 °C and the liquidus temperature of 1927 
°C suggested by literature is within the experimental error limit. 
The Fe-Si-B system is known to have multiple eutectics. Most of these eutectics are found 
in the Fe rich region of the phase space. As the powder compact is heated during the initial stage 
of sintering, small amounts of Si and B around individual Fe particles allow for the formation of a 
eutectic liquid. This low viscosity liquid having viscosity values of 8 ~ 6 mPa s in the 1302 ~ 
1502 °C range as suggested by Nakagawa et al. [18] plays an important role during sintering. As 
reviewed by German et al. [19], formation of a liquid would lead to improved densification. 
However, excessive liquid fractions during the sintering process can also result in a loss of shape, 
as observed when sintering the Mo-20Si-10B-5Fe sample at 1850 °C. 
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Poletti and Battezzati [12] reported the enthalpy change during the eutectic reaction in a 
number of Fe-Si-B eutectics. Calorimetric experiments showed that the enthalpy change during 
these eutectic reactions ranged between 13 and 17 kJ mol-1. Calorimetric studies showed that the 
formation enthalpy for the A15 Mo3Si was approximately -122 kJ mol
-1 [20, 21] or -30 kJ mol-1 
atom-1. Our calculations, using Miedema’s model [22], showed a very close match with these 
values (-27.3 kJ mol-1 atom-1). Ab-initio studies on the T2 Mo5SiB2 compound by Kim and Park 
[23] revealed a formation enthalpy of approximately -43 kJ mol-1 atom-1. The Mo-Si-Fe phase 
diagram [24] shows a maximum of 2 at% solubility of Fe in the A15 phase, which is consistent 
with our experimental data (mentioned earlier in this paper). We calculated the formation enthalpy 
of Fe substituted Mo3Si in accordance with Miedema’s semi-empirical model [25-27] and its 
subsequent extension [22], and the results are presented in Figure A5. As clearly seen in the figure, 
the addition of Fe decreased the formation enthalpy only slightly, indicating the possibility of a 
marginal stabilization. Besides the A15 phase, the other major phase in the present investigation 
was the T2 phase. It is known that both, Fe5SiB2 and Mo5SiB2, crystallize in the I4/mcm space 
group [28] with similar lattice parameters (Fe5SiB2: a=0.5540nm, c=1.0320 [29]; Mo5SiB2: 
a=0.5998nm, c=1.1027nm [30]); in fact, the structure prototype for both compounds is Mo5SiB2, 
indicating a possibility of solid solubility between these two phases. A small amount of Fe in the 
T2 phase in the present investigation (< 4 %) was unlikely to reduce the formation enthalpy of T2 
drastically. It is expected that with minor Fe additions the thermodynamic equilibrium would favor 
the formation of the A15 and T2 compounds rather than the A15 and T2 compounds along with a 
Fe-Si-B liquid.  
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Figure A5. Formation enthalpy of Fe substituted Mo3Si as a function of Fe amount 
However, the formation of Fe-Si-B eutectics occurs at relatively lower temperatures (< 
1600 °C). Therefore, it is reasonable to expect the eutectics to form initially, but eventually 
decompose to yield Fe substituted A15 and T2 phases. This has significant implications for the 
sintering mechanism in this system. Foregoing discussion suggests that the densification 
progressed via a transient liquid phase sintering mechanism. This sintering process involved an 
initial inter-diffusion between the elemental Mo, Fe, Si and B, initially leading to the formation of 
a Fe-Si-B eutectic. This eutectic was probably a transient liquid, which later decomposed. The 
formation of liquid between the phase boundaries enabled liquid phase sintering. Solute transport 
through the liquid and subsequent deposition on the adjacent phases is well-known for liquid phase 
sintering [19]. In the present case, it likely involved the transport of Fe atoms, among others, to 
the adjacent Mo-containing phases, where they dissolved in small amounts in the structure. 
Dissolution of Fe into Mo-rich phases depleted the Fe content of the liquid. Because the Fe-Si-B 
eutectic is present in the Fe-rich regions [12], this resulted in a gradual decomposition of the liquid 
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as the phase assemblage approached thermodynamic equilibrium. Transitional nature of the liquid 
is extremely important for sintering of this material. If the liquid phase remains as a low melting 
phase after sintering, it limits the service temperature of the component which defeats the purpose. 
What is not known at this stage though, is the rate at which eutectic liquid decomposes. It is 
possible that the decomposition and disappearance of the liquid phase occurs before full 
densification is realized. If full densification is to be achieved, a more detailed investigation of 
liquid decomposition kinetics is necessary. Only after that an optimized densification protocol may 
lead to fully dense microstructures. 
A6. Conclusions 
The sintering behavior of Mo-Si-B alloys with the addition of Fe was studied. With small 
amounts of added Fe, the sintering temperature was lowered by 175 °C. Nearly full densification 
(97.0 %) was obtained with 5 at% of Fe, sintered at 1750 °C. When 2 at% of Fe was added, only 
1850 °C was required to obtain 93.5 % densification. When 0.5 at% Fe was added, 95.6 % 
densification was achieved at a sintering temperature of 1900 °C. In general, addition of Fe had a 
beneficial effect on the densification behavior of Mo-Si-B alloys, as long as the temperature was 
maintained below the melting temperature. Formation of a transient liquid is thought to be a 
possible mechanism behind the enhanced densification. However, further studies are required to 
ascertain the exact liquids formed during this process, as well as the stability regimes of the liquid 
vis-à-vis the A15 and the T2 phases. 
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